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PREFACE

Fracture by the progressive growth of incipient flaws under cyclically varying loads,
ie., by fatigue, must now be considered as the principal cause of in-service failures of
engineering structures and components, whether associated with mechanical sliding and
friction (fretting fatigue), rolling contact, aggressive environments corrosion fatigue, or
clevated temperatures (creep-fatigue). Of particular importance are the early stages of
fatigue damage, involving the initial extension of microcracks and their subsequent growth
at very low velocitics, as these processes tend to dominate overall lifetime. This has been
reflected by trends in fatigue research over the past five years, which have focused largely on
so-called “small cracks,™ of dimensions comparable with the scale of microstructure or local
plasticity, and on crack growth in the near-threshold regime, i, at stress intensities
approaching the fatigue threshold below which cracks are presumed dormant. In addition,
associated mechanistic studies have highlighted the critical role of crack tip shielding in
farigue, which anises predominantly from crack closure and deflection, and this has proved
to be important in modeing aspects of environmentally-assisted cracking and behavior
under vanable amplitude loads, and in rationalizing the classical stress strain-life and defect-
tolerant design approaches.

The series of internationl conferences on Fatigue and Fatigue Thresholds, although
devoted to all aspects of fatigue, has emphasized these topics of small cracks and
near-threshold behavior, and consequently, has become an international forum for the
exchange of information in this field. The series, which has been run under the auspices of a
steenng and international committee with representatives from Australia, Austria, Canada,
China, Czechoslovakia, France, Holland, Japan, Norway, Sweden, UK, W . Germany and the
US.A., began in Stockholm, Sweden, in 1981, and continued at the University of
Birmungham in England in 1984.

The current proceedings of the third conference, “Fatigue *87," which was held art the
University of Virgimia, Charlottesville, covered a wide range of diverse views of the
fundamental and applicd aspects of fatigue. This includes questions of ¢yvelic deformation,
crack initiation and propagation, small cracks, crack closure, variable amplitude cftects, and
environmentally-influenced behavior. The proceedings should provide a comprehensive
state-of-the-art review of the field, suitable for students, rescarchers and practising

engineers alike. K\

The Editors would like to thank the Editonal Commutter, particulardy Professors R.P
Gangloff and J.A. W ert, the International Committee and the University of Virginia for their
help over the past couple of years. We express our sincere thanks to Dr. A H. Rosenstemn of
the Air Forces Office of Scientific Research, Dr. G. Mayer of the Army Research Oftice, Dr.
B.A. MacDonald of the Office of Naval Research, and Dr. G. Hartley of the Natonal Science
Foundation for their financial support, and to Ms. Tana B. Herndon for her sterhing efforts
as the conference secretary.

R.O. Ritchie \
E.A. Starke, Jr. Co
June 1987. v
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RECOMMENDED S YMBOLS

Crack-Length - One-Half the Total Length
of an Internal Crack or Depth of a Surface
Crack

Crack Growth Increment

Alternating Current

Test Piece Thickness

Compliance

Constants

Rate of Fatigue Crack Propagation

Additional Growth Rate due to Environment

Growth Rate Retarded by Crack Tip Blunting

Growth Rate Enhanced by Localised Hydrogen
Embrittlement

Overall Growth Rate for 'True Corrosion
Fatigue'

Stress Corrosion Fatigue Crack Growth Rate

Stress Corrosion Plateau Growth Rate Per
Second

Crack Extension Rate
Direct Current

Value of Crack Opening Displacement (see
British Standard BS5762)

Critical Crack Opening Displacement, being
One of the Following:
(1) Crack Opening Displacement at Fracture

(2) Crack Opening Displacement at First
Instability or Discontinuity

(3) Crack Opening Displacement at which
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an Amount of Crack Growth Commences

Crack Opening Displacement at First
Attainment of Maximum Force

Diffusion Coefficient for Hydrogen in Iron
Young's Modulus of Elasticity

Exponential Base of Natural Logarithms
Creep Strain

Secondary Creep Rate

Transient Creep Strain

Cyclic Frequency

Strain Energy Release Rate

Crack Extension Forces for Various Modes
of Crack Opening

Current

Anodic Current Density

Stress Intensity Factor - a Measure of the
Stress-Field Intensity Near the Tip of a
Perfect Crack in a Linear-~Elastic Solid
Fracture Toughness - The Largest Value of
the Stress-Intensity Factor that exists
Prior to the Onset of Rapid Fracture

K in Fatigue Cycle Below which Crack is
Closed

Opening Mode Stress Intensity Factor
Plane-Strain Fracture Toughness as Defined
by ASTM Standard Designation E 399-74 or
British Standard BS 5447

Elastic Stress-Intensity Factor at the
Start of a Sustained-Load Flaw-Growth Test

Plane~Strain K, Threshold Above which
Sustained Load Flaw-Growth Occurs

ii
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Value of K in Dry H,S Gas

Iscc 2
Provigional Fracture Toughness Value
Corresponding to a 5% Deviation of the
Load/Displacement Relationship from
Linearity

Maximum Stress~-Intensity Factor
Minimum Stress-Intensity Factor

Stress Intensity Range

Threshold Stress Intensity Factor Below
which Fatigue Crack Growth will not occur

AKi to just cause Fatigue Initiation
Next Value of AK

Value of Akth at R =0

Constant Value of Axth

Notional Extra Stress Intensity due to
Environment

Stress Concentration Factor, Neuber
Correction Factor

Natural Logarithm
Common Logarithm

Power Exponent in Paris-Erdogen Expression

da _ m
d—ﬁ—AAK
Cycles

Cycles to Initijate

Cycles to Failure

Cycles Increment

Strain Hardening Exponent

Load Range

Poisson's Ratio

iii

Fe)




Ao

max

ps

min

net

X, Y

FATIGUE 87

Flaw Shape Parameter

Stress

Stress Range

Maximum Stress

Proof Stress

Minimum Stress

Ultimate Tensile Strength

Yield Stress under Uniaxial Tension
Stress Range on Net Section
Minimum Load/Maximum Load

R below which Crack Closure Occurs
Plastic Zone Size

Crack Tip Radius

Notional Minimum Value of o
Temperature

Time

Hold Time in Load Cycle

Rise Time in Load Cycle

Values of t_ at Minimum and Maximum
Environmentél Enhancement

Potential Difference

Reference Potential Difference
Potential Difference at Crack Length, a
Test Piece Width

Electric Potential

Cartesian Co-ordinates

iv




BFS
BRF
CCP
COoD
CcT
CTB
DCPD
EEF
LHE
PD
SENB
SENT
SCC
SCF
TCF
T-Type WOL

UTs
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Compliance Function
Ohms

RECOMMENDED ABBREVIATIONS

Back Face Strain

Blunting Retardation Factor
Centre Cracked Plate

Crack Opening Displacement
Compact Tension

Crack Tip Blunting

Direct Current Potential Drop
Environmental Enhancement Factor
Localised Hydrogen Embrittlement
Potential Drop

Single Edge Notched Bend

Single Edge Notched Tension
Stress Corrosion Cracking
Stress Corrosion Fatigue

True Corrosion Fatigue

T-Type Wedge Open Loading

Ultimate Tensile Strength
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CYCLIC DEFORMATION AND CRACK INITIATION

P. Neumann and A. Tbnneusen'

Patigue loading hardens most metals in a peculiar way
forming metastable dislocation configurations and
favouring strain localization. Therefore., fatigue
crack nucleation wusually occurs at highly localized
slip bands. Modern sectjoning techniques revealed
preferred crack (initiation sites within these slip
bands which are not yet understood. In common
microstructures fatigue crack nucleation can also
occur at weak inclusions or special grain boundaries.
In spite of their low energy. twin boundaries were
found to be a pre dominant crack nucleation site {n
high cycle fatigue Usually the environment is found
to be very important for the formation of fatigue
cracks .

INTRODUCTION

After fatigue crack propagation has been studied extensively in
the past, crack inftiation remains a phenomenon which is not well
understood yet  The issue {s darkened to some extent by the
ambiguity to separate true crack initiation from the growth of
microcracks [t has been proposed by various authors to limit
crack  fnitiation to that domain in which stress concentratijons at
the crack tip are not dominant f compared to the applied stress

In some  cases the limit between crack initiation and propagation
Is suggested by different mechanisas If. for example, the
material contgins inclusions of low strength. the first
application of any appreciable load will break these inclusions in
a brittle manner This is clearly distinct from the tonsecutjve
slow ductile growth of the wmicrocrack Finally some authors
prapmatically define the regime of crack initiation as that within
which cracks cannot be detected with some given *echnique

In the following various physical processes. which  are
capable of forming crack nuclei. will be considered 1n some detagl

* Max Planck Institut fur Eisentorschung GmbH,
Postfach 140260, D 4000 Dusseldorf. F R G
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without emphasi{zing such forma! borderlines. Although various
subjects will be touched upon in a rather brief way this paper is

not intended to be review of the current literature at  all The
topics  are selected in order to reach a certair understanding of
the relevant processes and stimulate more research i{n this

difficult area.

CYCLIC DEFORMATION

The dislocation structure after cyclic deformation is well studied
and is characterized by veins of high edge dislocation density and
channels which have a very low dislocation density and separate
the veins . The width of the veins as wel]l as that of the channels
is roughly equal to the Orowan distance. This s reasonable since
the dislocations must form by multiplication due to bow out.

The plastic strain amplitude which can be carried Ly such
structures is typically of the order of 10 4 Such strains can be
accomplished by moving all dislocations over distances of the
order of their mutual distances {in the veins as well as in the
channels). In contrast to the structures after wunidirectional
deformation no pile ups are found after cyclic deformation. This
is due to the changing direction of the applied stress which
effectively mixes dislocations of both signs. As a consequence,
the long range stresses which are found after cyclic deformation
are much smaller than those after unidirectional deformatijon.

In pure metals there are no obstacles available and therefore
the only interaction which hinders gross dislocation motion and
thus determines the flow stress is the mutua! interaction between
dislocations of opposite sign which have trapped each other. Such
a hardening by mutual trapping of dislocations is highly
metastable: If the flow stress is exceeded, a significant number
of dipoles is destroyed. The freed dislocations pile-up against
remaining more stable dipoles and help to break them up also. This
causes local avalanches of free dislocations and local work
softening. As a consequence, very coarse slip lines are observed

during tens|{le deformation after cyclic deformation (1,2). The
corresponding stress strain curve shows a small yield drop and a
long range of zero work hardening (1.3.4). The most striking
evidence of such a metastable behavior are the strain bursts which
can be observed when the stress amplitude is slowly increased in a

truly stress controlled testing system (4)

During a slow increase of the stress amplitude the same
things happen over and over again at an ever decreasing
dislocation distance according to Kuhlmann Wilsdorf's principle of
similitude. However, at a certain stress level, the saturation
stress, something new happens At this point the dipole width
which is npecessary for wmutual trapping {s approaching atomic
dimensions Most likely the most narrow dipoles pop up Into rows
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of point defects. Because of the different formation energles rows
of vacanclies are wmuch more easily produced than rows of
interstitials. Therefore, although vacancy dipoles and
interstitial dipoles are equally abundant below the saturation
stress level (because they form by random encounters) at the
saturation stress level the number of vacancy dipoles will be
decreased by forming the corresponding number of vacancies. This
is in good agreement with the high resistivity of fatigued pure
metals found by various authors (5,6).

The abundance of interstitial dipoles has an important
consequence: If interstitial dipoles and vacancy dipoles are
equally abundant in a random shuffling during cyclic deformation
no significant slip steps are produced on the surface. If,
however, interstitial dipoles are more abundant than vacancy
dipoles in some region, then, on the average, more interstitial
dipoles will be pushed out of the material than vacancy dipoles.
Therefore bumps should develop on the surface where an excess of
interstitial dipoles is present underneath. This is a qualitative
explanation of the formation of extrusions (7). Quantitatively the
situation is quite complex since the excess vacancies 1inside the
material will be either precipitating in the form of dislocation
loops or will be swept-up by moving dislocations. 1In the 1latter
case dislocation climb will occur and reduce the unbalance between
vacancy and interstitial dipoles. Everything depends in a critical
way on the fate of the excess vacancies. In any case the contents
of vacuncies cannot be increased without 1limit inside the
material. Therefore the growth of extruslons should be fast in the
beginning and level off afterwards., as observed experimentally
(8,9)

At the saturation stress the dislocation structure underneath
the extrusions changes in a very specific way. The vein structure
transforms into a very regular ladder structure in which the
highly dislocated areas are narcvow edge dislocation walls
separated by about 10 times wider dislocation free areas (10 13).
The tendency to form wall 1like structures from the veins is
understandable from computer simulations (14). If dislocations are
packed with a minimum mutual distance, dmin' {given by the
decomposition of dipoles into vacancy rows) in a veln structure or
irn a ladder configuration., the former was found to decompose at a
lower applied stress level

PHENOMENOLOGICAL, CYCLIC STRESS STRAIN RELATIONS

The plastic strain amplitude 1is a cruclal variable for crack
initiation during cyclic deformation. 1In many applications,
however, the stresses can be calculated only from finite element
analysis or direct measurements. In this case it is important to
be able to calculate from a phenomenological stress strain
relationship the plastic strains which develop under these
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conditions. Extensive experimental studies showed that cyclic
deformation behavior is rather complex in detail but with some
reasonable accuracy considerable simplifications can be
accomplished. Nowadays the most widely used model] for describing
the cyclic stress strain response is the Masing model (15) stating
that all hysteresis loops which are observed during a random
loading of a specimen are composed of pieces of one universal
function Ao=f(A¢) in the following way:

If o(e) is the observed stress strain relation and if the
last change of the loading direction occurred at (50, oo). then we
have

a(e‘eo)-co = f(e-g,) or wf(m(ekeo)) ....................... [1]

for tensile and compressive loading respectively. Obviously, |if
the mean strain is zero and the strain amplitude is increased
continuously, the locus of the upper hysteresis tips is given by

al(el) = 1/2 f(el/z) ...................................... [2]
This is usually called the cyclic stress strain curve.

The second ingredient which has to be added to the existence
of a cyclic stress strain curve 1is the cyclic memory. It is
displayed in fig.1. If the loading path AB is interrupted by a
change in the loading direction and if the new loading curve CD is
continued beyond the former maximum strain value then the Joading
curve does not follow the dashed line which is a continuation of
CD according to the Masing model. Instead, 1{in most materials
loading continues approximately along the old loading curve AB to
E. In a sense the material remembers when returning from C to D
that it has deformed on the branch AD. It is immediately clear
that for the material behavior after D the loop BCD is irrelevant
for the plastic deformation. This is the reason why cyclic memory
allows to neglect even nested closed loops for prediction of
plasticity behavior. This is a considerable simplification and
leads immediately to the algorithm of rain flow counting of loops.
Combining the cyclic stress strain curve with the cyclic memory
thus allows to calculate the plastic strain from a given stress
history efficiently and with a reasonable accuracy in most alloys.

The cyclic stress strain curve can usually be described with
reasonable accuracy by a power law

AO(AE) = € « Ae™ [3]

The value of the parameters C and m do, however, depend
considerably on the details of the load history because of cyclic
hardening or softening. Such effects can be largely eliminated by
only using so-called saturated hysteresis loops for the

[
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determination of the cyclic stress strain curve. I.e. most often
the cyclic stress strain curve is determined from an incremental
step test. In such a test the strain amplitude is raised stepwise
(or continously) from zero to a maximum value, €max- Then the
strain amplitude is decreased to zero again and the same pattern
is repeated several times. After a number of such repetitions the
observed locus of the hysteresis loop tips becomes stationary and
is used as the cyclic stress strain curve. This procedure is quite
useful to predict the plastic stress strain behavior as long as
the strain amplitude stays below Egax:

CRACK INITIATION IN SLIP BANDS

For studying crack initiation it is very important to section the
specimens perpendicular to the original surface in order to detect
crack nuclei reliably (8,16). Figs. 3 shows examples of crack
nuclei which are impossible to detect without a sectioning cut.
The sectioning technique has been developed to considerable edge
resolution. Under optimum circumstances it is of the order of
20 nm.

In materials which are pure enough to avoid major inclusions,
crack initiation during cyclic deformation wusually occurs in
Jocalized slip bands within the single grains. This mechanism
works the same way In polycrystals as well as in single crystals.
Fig.4 shows an example of a persistent slip band with crack
nucleus in a copper polycrystal, which resembles in many details
those found in single crystals (fig.13 in (8)). The most striking
feature of this localized slip is the fast development of
extrusions. The extrusions extend above the original surfaces and
in many cases the valleys between the extrusion are the only
depressions relative to their surrounding, but they do not extend
below the original surface. These valleys, which are usually
called intrusions, can be easily identified by their finite vertex
angle at the bottom which is typically of the order of 20 to 30°.

After this extrusion-intrusion topography has developed, a
completely differenl process starts out, namely the formation of
very narrow crack nuclei at the bottom of the intrusions with
their finite vertex angle. These crack nuclei are always closed
or, in other words, have a zero crack tip angle, which makes thenm
distinct from the intrusions. Therefore the process of crack
formation in fatigue i{s not a continous development from a flat
surface via an increasing surface roughness towards small cracks.

Surprisingly enough in a single crystal these crack nuclet
are very unevenly distributed over a persistent slip band. Early
in the life they are found preferentially at one interface between
persistent slip band and matrix. Fig.2 shows the number of crack
nuclei found in various positions within the persistent slip band.
The rightmost position is obviously strongly favoured as long as
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the crack nuclei are of the order of 5 to 10 microns deep. At a
later stage in life, however, the preferred position for cracking
is on the other interface between persistent slip band and matrix.
Both sides of the PSB are definjtely different physically. E.g.
elastic stress concentrations should be smaller at the interface
on the right in fig.4 because of the asymmetric surface profile of
the PSB. But the reasons for these details of crack nucleation
process are not understood yet.

It has been demonstrated several times that the developm:.nt
of the topography of extrusions and intrusions is independent of
the environment and that it occurs un-modified even in ultra-high
vacuum. But the true crack nucleation at the root of the
intrusions is delayed considerably in vacuum. Also the growth of
the crack nuclei 1is reduced, most likely by rewelding of
previously formed crack surfaces (17,18). Therefore the most
likely model for crack nucleation due to single slip is that of
Thompson and Wadsworth (19) which is shown in fig. 5. Single slip
alone produces slip steps only. They can be annihilated again by
reverse slip and can therefore grow only in a random walk fashion
(20). This corresponds to the vacuum situation with its very slow
crack growth. Surface reactions with an active environment make
the formation of slip steps more irreversible such that crack
nuclei can develop parallel to the slip planes of the active slip
systems. Again, the details, such as the preferred crack
nucleation in persistent slip bands can be understood only in a
more detailed theory. Vacancy clustering or annihilation at
dislocations is definitely an important process. Also the
vacancies may move to the crack tip and thus extend the crack. All
these processes were not considered in detail yet. Vacancy
transport 1is of course always a problem at room temperature where
diffusion is extremely slow. However, the transport of point
defects due to on-going plasticity seems to play a crucial role,
but such processes are not well understood either.

CRACK INITIATION AT GRAIN BOUNDARIES

During fatigue the tendency to form cracks in localized slip bands
within the grains 1is rather strong. In polycrystals crack
initiation on grain boundaries is a rather uncommon feature. When
a strong slip band impinges on a grain boundary, a so-called
"L-shaped crack” forms at the intersection of grain boundary and
slip band (21,22). Some authors (23) report that the tendency to
form crack nuclei may increase if crack nucleation in slip bands
is reduced by performing the test in vacuum. In such tests the
slip band density increases due to the prolonged life. Still, the
number of cracks found in grain boundaries is not very high. In a
few papers concerning different fracture modes (LCF, high
temperature fatigue, brittle fracture) the correlation between the
nature of the grain boundaries and the probability to form
intergranular cracks was studied (24-27). In most cases cracks

- o
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were found at high angle grain boundaries with no simple
correlation with the nature of the boundaries.

In recent studies of fatigue crack initiation in copper
polycrystals a large number of persistent slip bands and
microcracks was found parallel to and coinciding with twin
boundaries (fig.6,7). A sectioning technique was used which
unequivocally allowed to detect microcracks. The cracks are not
very striking if observed on the surface (see fig.7) and can
easily be overlooked. Furthermore, in high cycle fatigue
experiments the persistent slip bands coinciding with the twin
boundary are often the only slip trace in twin and matrix grain.
Then it 1is impossible to detect the twin boundary from surface
observations and the PSB is mistaken as a plain PSB crossing the
grain. Only by systematic measurements of the local orientations
such ambiguities can be avoided.

In our studies the local orientations of all grains involved
were obtained by a modified electron channeling technique in the
SEM. A spiral deflection mode was used instead of the wusual line
scan in order to be able to re-focus the SEM automatically and
continuously as a function of the current radius of the spiral. In
this way the positional accuracy of the rocking beam on the
specimen surface could be kept below 3 um for a rocking range of
15%. The intensity signal from the SEM was evaluated in an analog
circuitry for sudden changes in contrast (channeling lines) and
their position was recorded digitally. The resulting digital image
of the channeling patterns was evaluated by a computer program to
obtain the orientation. The accuracy of this fully automatic
method to obtain the relative orientation of grains larger than
3 um is better than 0.2° and will be described in detail elsewhere
(28).

As mentioned above, in low amplitude tests with lifetimes of
the order of 10" cycles, the cracking at twin boundaries becomes
even more pronounced in the sense that cracks do form almost
exclusively coincident with twin boundaries. Under such
circumstances very few slip bands were introduced in the interior
of the grains. Almost all slip bands were parallel to twin
boundaries and most of them developed cracks.

Cracking at twin boundaries 1is to some extent surprising
because twin boundaries are known to be the grain boundaries with
the Jowest possible energy. Even more surprising is the fact that
in a stack of lamellar twins there is a strong tendency that slip
bands and cracks formed only on every other twin boundary as shown
in fig.8. These observations are in agreement with older papers
(19,29-31). In these papers no explanation i{s given, it is only
pointed out vaguely that the activation of secondary slip may be
of importance (31). Similar observations are not reported in more
recent literature.

A B
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In order to understand this crack initiation the local stress
distribution near grain boundaries must be examined more closely.
Obviously in elastically anisotropic materials like copper
incompatibilities would develop across grain boundaries if a
uniform tensile stress, o,, would be present in all grains.
Therefore, if the strains are supposed to be continuous across the
grain boundary, stresses must have a discontinuity there. From
anisotropic elasticity these additional stresses, which add to a,
can be determined from the boundary condition of continuous
strains. In some grains these additional stresses enhance the
external stresses in others they may reduce them. Thus a
systematic variation of local stresses in a twin lamella stack may
explain, that only every other twin boundary in such a stack has
high local stresses far crack initiation. The variations of the
local stresses can be considerable in copper since the anisotropy
ratic 1is 3.2, which means that the value of the shear modulus
varies by a factor of 3.2 depending on the directjon of the shear
elements within the lattice.

The stress concentrations discussed so far do exist at every
elastically incompatible grain boundary and are highest at the
boundary, which is the source of incompatibility. In fcc metals
the twin boundaries are unique among these since they are parallel
to the slip planes, so that long PSB simply fit into the region of
high local stresses. Thus the exceptional role of twin boundaries
may be due to just this geometrical relationship to the slip
planes and may not be connected to energy arguments at all.

If local stress concentrations are relevant, twin boundaries
can act in two different ways to promote crack initiation: 1)
Persistent slip bands form preferentially in the highly stressed
region near the twin boundary and trigger crack formation. 2) In
the stress concentrations twinning dislocations move along the
boundary which results in a motion of the twin boundary. The
region over which the boundary moves undergoes an cyclic local
strain of 70% (the twinning strain). This high local cyclic strain
either promotes crack initiation on its own or again triggers
persistent slip bands.

Both hypotheses can be tested experimentally from the data
available. From the orilentation measurements the local stresses
can be calculated and compared with the occurrence of persistent
slip bands and cracks. Furthermore the change of the resolved
shear stress for the primary dislocations in the grains as well as
for the partial dislocations can be calculated from the local
stresses. High resolved shear stress on both types of dislocations
can then be correlated with the appearance of persistent slip
bands and cracks. If one of these explanations is correct, it
should be possible to predict which of the two twin boundaries in
a stack of twin facets is prone to crack initiation.

10
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To carry out such a program [t is crucial to calculate the
local stresses at twin boundaries. Wang and Margolin (32)
calculated with the help of a finite element program the stress
distribution near special twin boundaries. In order to cover all
possible twin orientations in a polycrystal we tried the following
more simple way:

We consider a stack of twins as shown in fig.9. If the
undisturbed uniaxial tensile stress tensor, ¢2, would be present
homogeneously in all twins, the two differently oriented groups of
twins, 1 and 2, would deform differently due to the elastic
anisotropy and therefore would not fit togcther any more. In
equations: Due to elastic anisotropy the compliance tensor, Siklm’
has different components, Siklm and Sikim in twins 1 and 2
respectively, if given in the same specimen coordinate system.
Thus the misfit strains are

S | 2 . 1 2 a
Ae]k = sik - s]k = (siklm - siklm) Ulm .................... [4]

Let a be the volume fraction of twins 1 and consider the sjtuation
that

0@ + o®/a and 6@ - oP/ (1) . [5]

are the two homogeneous stresses acting in twins 1 and 2
respectively, with some arbitrary stress tensor o~ . Then the
stress averaged over both twins is still o¢2. ob is uniquely
determined by the requirements of compatibility and stress

equilibrium at the twinning planes:
Compatibility: The misfit strains have to vanish:
(s}k]m a?m)/a + (s?k]m a?m)/(]~a) = BB e [6]

Equilibrium: The tractions of ob on the twinning planes have to
vanish, it.e. if n, are the components of the normal of the
twinning planes,

O M = 0 FOr 521,283 .. [7]
Because of [7] the contribution of the homogeneous stress ab to
the shear stress on the planes parallel to the twin interfaces in
any direction bl is zero:

- b
To o= bj alk nk ............................................ [8]

The determination of ¢ is straightforward since [6] and [7]
provide six equations, which are just enough to calculate the six
unknown components of the symmetric tensor a°. However, due to the
anisotropic Siklm it is rather cumbersome to collect the terms for
determining the coefficients in these six equations for ik

11
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Therefore an iterative scheme was preferred. From the known 3
misfit components in the twinning plane the stress which  is
required to compensate for this misfit 1is calculated for the
isotropic case as a first approximation to o (using a value
for s,us., which is adjusted for isotropy). From oé and the
approximate o the (reduced) boundary misfit is recalculated
(using the correct anisotropic Sik) } and then  the  procedure s
repeated. After about seven iteratTons the misfits are neglegibly
small (107 of their original value) and the iteration is stopped.

The piecewise homogeneous stress state [5] fulfills the
compatibility and equilibrfum conditions on the twin boundarics
and elsewhere. However, Ojy produces tractions, o t}=(abk s/,
ooty{, on the surfaces of twins 1 and 2 respectively }sk is the
outer surface normal, d, the skalar value of the applied tensile
stress). Because of [5] we have

t2 = sa/(-a) t) (9]

The solution for a traction-free specimen surface 1is therefore
obtained by adding ¢ to [5]), where ¢ is the stress distribution
due to the opposite surface tractions. The solution ¢ can be
obtained for the 1{isotropic case from Muskelishvili (33). [t is
known to have logarithmic singularities where the tractions change
sign, 1i.e. at the twin boundaries. For our purposes we do not
require the full solution, but just a few properties of ¢“: Since
the average of the ab~contr1butions in [5] is zero, the average of
the surface tractions vanishes, tor. Thus, due to St. Venant's
principle, their effects, 1.e 0%, reaches only into a depth
comparable to the thickness of the twins. Fig.10 illustrates this
situation. Because of ([7] the direction of the tractions is
parallel to the twin boundaries. It {s evident from fig.10 that
the maximum shear stresses will be produced in the immediate
neighbourhood of the twin boundaries. The maximum shear stress
will be on planes parallel to the twin interfaces (normal n[) in a
direction which is parallel to the tractions t{. The resolved
shear stress 1In a given direction bj in these planes will be
proportional to the component of the tractions in this direction

t® s Bogthby [10]

with some unknown poslitive coefficient 8 and s=+1,-1. Since we
have to distinguish the two different twin interfaces, it is
important to specify the sign of € via s unambigously: If [10] is
used to calculate the resolved shear stress Increment on a plane
in the vicinity of a twin interface and the normal of that plane
is pointing from twin 1 to twin 2, then s=+1, otherwise we have
s=-1. The total resolved shear stress is given by the sum of the
regular Schmid factor due to 02 and {10]:

T =04 (b‘ a; ap ng + 8 8 t{ bl) ......................... [11]

12
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where aj is the tensile direction. Thus the factor S measures the
weight with which the logarithmic singularities due to the
tractions are used to modify the Schmid factor. Since s changes
sign at every other twin interface, the shear stress increments t©
alternatingly favour and hinder slip at every other twin interface
in agreement with the experimental observations.

With these possibilities to calculate the modification of the
applied stress in the vicinity of twin boundaries it is possible
to predict for each individual twin interface whether it is prone
to crack initiation or not. For this purpose the local resolved
shear stress in the most highly stressed slip system was
calculated from the measured orientations as discussed above,
assuming a=0.5. The results are shown in fig.11. Each of the 138
evaluated twin interfaces is represented by a plus sign if there
is a persistent slip band - which frequently contains cracks -
connected with the boundary and by a square if no slip 1s visible.
The arbitrary numbering of the interfaces is given on the abscissa
and the modified Schmid factor, t/¢, according to [11] is given on
the ordinate. [t is obvious that there is a strong correlation
between the value of the modified Schmid factor and the appearance
of PSB's and cracks. Above a critical value of r/ao=o.44 (the
horizontal line in fig.11) almost all twin interfaces show
localized slip and below they do not. In this sense only 11% (15
out of the total number of 138 symbols) lie on the wrong side of
this line. A value of B8=1.5 was used in fig.11. Jt was fitted to
give the best correlatijon.

The same evaluation was repeated but now instead of the most
highly stressed primary slip system which has a Burgers vector of
the type 1/2{110]. the most highly stressed twinning system which
has a Burgers vector of the type 1/6[112) was considered. The
correlation obtained is as good as with the perfect Burgers
vectors. Since there is only an angle of 30° between neighbouring
{110} and [112]) directions in an (111) plane, the most highly
stressed systems of both kinds are so similarly oriented that the
corresponding results of the type shown in fig.11 are not
significantly different.

The correlation of the occurrance of PSB's with the modified
Schmid factor {is good in fig.11 but not perfect. This |is
understandable since in the discussion of the local stresses near
the twin boundaries only the effect of the twin boundary itself
was taken into account and the effect of all the other nearby
grain boundaries were neglected.

The analysis given above seems to be well suited to explain
the high crack initiation frequency at twin boundaries and
resolves the apparent paradox that the lowest energy boundary is
the most frequent crack initiation site. The twin boundaries do
not crack in a brittle sense but simply act as stress raisers due

13
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to elastic anisotropy Other grain boundaries provide also such
stress concentrations, however, these become the more effective
the larger pieces of slip planes fit Into the stressed region near
the boundary in order to form a persistent slip band there. In the
case of coherent twin boundaries which are parallel to the (111)
slip planes in both grains this condition is fulfilled ideally In
the case of other grain boundaries this can be the case only
incidentally. In additiun the twin boundaries () 3) are by far the
most abundant large angle boundaries in the strain annealed
polycrystalline copper which we studied. Fig. 12 shows the relative
abundance of the different types of bounddaries in our material
l.im and Raj published similar observations on nickel polycrystals
(34)

These ideas can of course be applied to other materials and
systems A few experiments were done in pure Ni confirming the
ahove results: Al though segregated grain boundaries of
considerable obrittieness were know to exist in the material (from
studies of the stress corrosion cracking and hydrogen
embrittlement) in high cycle fatigue the most sensitive crack
nucleation sites were annealing twins again

After knowing about the importance of twin boundaries the
crack nucleation sites in stainless steels which have been studied
in another program were examined more closely. In many cases crack
nucleation was indeed found at twin boundarijies.

In bcc crystals the relation between slip planes and twinning
planes i{s different and therefore it would be interesting to study
the situation near twin boundaries in bcc metals in similar
details. Some results discussed by Tanaka and Kosugi (35) seem to
point into the same direction

CRACK INITIATION AT INCILUSIONS

In commercial materials varying quantities of unwanted inclusions
are always present due to the production process. These inclusions
are detrimental hecause they have a low strength themselves or the
interface between the inclusions and the matrix is of low
strength. Therefore these inclusions are weak spots 1in the
material and when it is loaded. cracks form at a reduced stress
there. Fig.13 gives one example Depending on the size of the
inclusions the crack nuclei size ranges from a few microns to a
few 10 microns. [n this type of crack initiation there is no
question about the mechanism; it is simply the reduced strength of
the inclusions.

Crack initiatjon at inclusions is very important for
commercial steels. The growth of short cracks starting from such
crack nuclei determines the fatigue lifetime and can be used for
rather reliable lifetime predictions for random loading (36).
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There is only one way to improve the fatigue properties of
such materijals: To avoid low strength inclusions, either by
fncreasing their strength or by avoiding them totally. However,
the efforts to produce “"purer” materials cannot increase the
fatigue strength indefinitely. If the inclusions are eliminated.
crack initiation in slip bands is still operative. Therefore it
must be checked carefully whether the costs to eliminate
inclusions are justified by the possible improvements.

A certain limiting case is found in high temperature fatigue At
elevated temperatures the oxidation rates are considerable and
oxidation is enhanced due to the deformation induced fracture of
the protecting oxide film. Therefore, slip localization causes
localization of the oxidation. This leads to the development of
extensive oxide clusters. Fig.14 shows a section through the
oxidized surface (which on average is vertical in this figure) of
a specimen after creep fatigue. A cracked oxide cluster (dark
areas) is penetrating into the base materfal {(light areas on the
right) These cracked oxide clusters propagate into the interior
and trigger new plasticity The kinetics of these synergic
processes and their mutual triggering are not studied in a
quantitative way But these phenomena are essential to an
understanding of crack initiation in high temperature fatigue.

In summary it may be said that the most i{mportant fatigue
crack initiation mechanism seems to be that of strain localization
and the synergic effect of large local strains and environmental
attack. The kinetics and quantitative description of these
phenomena are still not well wunderstood. The effect of grain
boundaries seems to be reduced to that of stress raisers for slip
crack fnitijation Therefoure twin boundaries are in fcc
polycrystals the most  likely c¢rack initiation sites at low
amplitudes In many commercial alloys the crack (initiatjon is
stil]l governed by the fracture of low strength inclusions. Certain
(limited) improvements are possible in these systems by avoiding
these inclusions. however., sooner or later the slip band crack
nucleation will limit the fatigue strength. At high temperatures
the synergic interdependence of strain localization and localized
oxidation governs crack Injtiation. Unfortunately, quantjtative
theories which predict the rate of crack nucleation with any
acceptable accuracy are still lacking and are left for future
research.
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Fig 4 Protruding PSB with crack nucleus similar to those found in
single crystals (e g fig 13 in (8))

VACUUM

COMPRESSION

Ind TENSION

Fig 5 Model of crack nucleation by the combined effects of
single slip and environment reactions (19).
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Fig. 6: PSB at twin boundary (at white arrow).

Fig. 7: Crack (not visible on the surface!) at one of the two
twin boundaries (at arrows).
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Fig. 8: Crack nucleation at every other twin boundary (at arrows)
in a stack of twins.

Aoy

Fig. 9: Stack of twins loaded Fig. 10: Tractions on the
in tension. surface due to o°
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EFFECT OF GRAIN ORIENTATION ON THE ORIGINATION AND
THE INITIAL GROWTH OF FATIGUE CRACKS IN PURE IRON

Tsuneshichi Tanaka*

Nucleation and initial growth of fatigue cracks in
pure iron plate specimens were observed under revers-
ed bending and axials stresses and under alternating
tension. Grain orientation was determined by the
etch pit method developed by the author. It was
found that cracks originated at grain boundaries
under reversed stress but they nucleated along slip
bands under alternating tension. The shift of the
crack nucleation sites may be caused by the degree
of development of slip bands activated by the maxi-
mum applied stress. Another finding was that the
morphology of early cracks was the same as that of
the pencil glide observed in the slip motion of
b.c.c.metals.

INTRODUCTION

Recently, much attention has been paid to the problem of short
fatigue cracks, since this problem is closely connected to that

of the fatigue threshold. And a number of works have been report-
ed on various aspects of short cracks (1). The behavior of short
cracks is, however, strongly affected by the crystallographic
structure of materials; namely the grain orientation, Schmid
factor, dominating slip system and grain boundaries. Therefore,
it is important to have the information of these factors in most
of the studies of short cracks.

The author recently developed a technique of grain orientation
analysis in the case of commercial base polycrystalline pure iron
by etch pit method (2), and have made a series of observations on
the origination and initial growth of cracks under bending and
axial stresses in high cycle fatigue tests.

The observation results were analized in relation to the
structural factors of the matrix surrounding cracks to make clear

* Department of Mechanical Engineering, Ritsumeikan University,
Kita-ku, Kyoto 603, Japan
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the conditions satisfied at the crack nucleation sites. The analy-
sis was also made on the morphology of crack growth in individual
grains and crack penetration into neighboring grains (2)-(5).

This paper is a summary of some of recent works together with
a brief explanation of grain orientation analysis by the etch pit
method. An emphasis is placed on the discussion of the preferen-
tial crack nucleation sites and of the morphology of early cracks
subsequent to nucleation.

GRAIN ORIENTATION ANALYSIS BY ETCH PIT METHOD

Crystallographic orientation of surface grains of a commercial base
pure iron plate specimen is successfully determined by the etch pit
method recently developed by the author (2). The etchants and
etching conditions, which were first suggested by Taoka et al. (6),
and improved by the author after several trials are listed in
Table 1.

By soaking a specimen first in etchant A and then in etchant B
under the respective conditions, etch pits of different patterns
are developed in grains of different orientations as shown in
Figure 1. The normal direction of the specimen is indicated in
each photograph by the point in a standard stereographic projection
triangle. The ridge lines of an etch pit are clearly observed in a
scanning electron microscope owing to its deep focus, and since the
matrixes surrounding etch pits have different contrasts depending
on individual orientations, the grain boundaries are easily traced.

All the etch pit walls are made of {110} planes and all the
ridge lines are in <111> direction. Hence, each etch pit has such
a shape that is produced by indenting a rhombic-dodecahedron com-
posed only of the {110} planes shown in Figure 2 onto the specimen
surface from an arbitrary direction. 1In Figure 2, a;, a;, a3 are
unit vectors of the cubic crystal forming a cartesian coordinate
system 0-XYZ, and e, ez, e; are three ridge line vectors emerging
from a vertex denoted by -P. The angle between each pair of ridge
lines is 8, =cos ' (~1/3) = 109.5°, and there is a simple relation
between e and a vectors:

el =Lo[ a1, Lo=[-1/Y3 1/V3 1//3 | . (1)
e [ az { 1//3 "l/l/i 1/\/3_
e; | a; 1/Y3 1/V/3 -1//3

Now, let n be the normal direction of the specimen surface,
and I and m be the longitudinal and transverse directions of the
specimen, and suppose that the vertex -P is indented onto the spec-
imen surface from an arbitrary direction which is supposed here as
~n direction. Then on a photograph of the etch pit thus produced,
projections of three e vectors in -n direction are observed as
photographs (b), (c) and (d) in Figure 1. This situation is

[
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illustrated in Figure 3 where -P is relabelled by 0. Here e, e.",
e3"” are the orthogonal projections of e vectors in -n direction on
the equatcerial plane (projection plane), and e;', e2', e3s' are
stereographic projections of e vectors on the same plane with re-
spect to the pole O'. It is obvious that mutual angles 8;, 02, 63
between e1"”, e2", e3" are equivalent to the angles between e;', ez,
e3’. This fact enables us to use the stereographic geometry (7)

to find the directions of e vectors with respect to 1, m and n di-
rections.

Figure 4 shows the angles to be measured on an etch pit photo-
graph. From angles 6;, 62, 03, direction cosines n;, nz, niofe;,
ez, e3 vectors with respect to n direction are found by trial and
error method. However, by doing the tedious trial and error cal-
culations by computer, and making the "master table" relating the
angles 0; and 03 to the values of nmy, n; and n3 for a possible
range of 02 and 83, one can find the direction cosines n;, n, and
n3 immediately from the measured angles. A first few lines of this
master table are shown in Table 2.

The direction cosines 1,, 12, 13 and my, my, my of e, e;, e3
with respect to the directions 1 and m are calculated by the fol-
lowing formulas:

1;=V1-nj% cosaj, m1=/1-n1'7cosBl', (i=1,2,3) (2)

where 0; and Bi are angles shown in Figure 4 and are measured on
the etch pit photograph. Thus we obtain the relation:

eyl =Li| 1|, Ly=[1, mm|. (3)
e m 1l my nz
e; n 13 m3 nj

Combining the equations (1) and (3), we obtain:

ay] =L[ 17, r=rL¢ 1. (4)
aj m

asj n

This is the equation providing the relationship between the base
vectors of the cubic crystal and the base directions of the
specimen.

Returning to Figure 2, the point -P is a vertex where three
ridge lines meet, and an adjacent vertex, say, the point D' has
four ridge lines, three of which are parallel to e, e: and es;
an etch pit pattern corresponding to such a vertex as D' is given
in photograph (a) in Figure 1. Therefore, from the etch pit pat-
tern produced by the vertex D' we can build the pattern correspond-
ing to the point -P. Thus the above analysis is applied to all
the etch pit patterns.
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FATIGUE TEST

Pure iron (99.9%) of commercial base was used in the experiment in
the fully annealed state. The heat treatment conditions and me-
chanical properties are listed in Table 3. The mean grain size
was approximately 160 um. Plate specimens shown in Figure 5 were
prepared with a final finish by electrolytic polishing. Plate
thickness was t=1.0mm for the specimens used in reversed bending
tests and t=1.5mm for those used in axial loading tests.

Reversed bending tests were carried out by using a magneto-
electric type cantilever plane bending machine with zero mean
stress at the frequency of 60Hz. Axial loading tests were carried
out under two loading conditions of fully reversed tension-com-
pression (R=-1) and alternating tension (R=0), by using a hydro-
electric servo type axial loading machine at the frequency of 30Hz.
The obtained S-N relations are shown in Figures 6 and 7, respec-
tively for reversed and axial loading tests.

The nucleation of cracks and their early growth were observed
at stress levels just above the endurance limits under respective
loading conditions. 1In practice, the test was interrupted at every
10° cycles and a specimen was removed from the machine for SEM ob-
servation. After repetion of such surveys, the test was finally
interrupted at above 50-80% of the fracture life and the specimen
underwent a series of treatments. In the first place, the specimen
surface was treated by the etchants A and B in Table 1 to yield
crystallographic etch pits, and the orientation of grains surround-
ing cracks were determined. Since two slip systems, <111>-{110}
and <111>-{112}, exist in b.c.c. metals, which are equally opera-
tive under repeated stress (8), and each slip system has twelve
systems in the combination of slip directions and slip planes,
geometrical configuration and Schmid factor of all the systems were
determined to make clear their influence on the nucleation and sub-
sequent growth of cracks. After fixing the grain orientation, the
surface layer of the specimen was successively removed by electro-
lytic polishing to find the morphology of cracks and grain bound-
aries below the surface. Micro-vickers indentation marks were
conveniently used as fixed points when thin lavers were removed.

OBSERVATION OF CRACKS

Cracks under Reversed Bending Stress

Under reversed bending stress, cracks were observed at the
stress Oa = 140MPa. Fine cracks were first observed at about 10°
cycles, and they grew continuously until the test was interrupted
at 2.1x10° cycles. Approximate locations of the observed cracks
on the specimen surface were indicated at the lower left corner of
Figure 8; they are labelled as crack G, K and L. Finer cracks
other than these were also observed on the surface, but their
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growth was limited and disappeared by the removal of tnin surface
layer. 1In the following, the observation results are explained
for crack K and G by showing the morphology of these cracks.

Morphology of crack K. The growth of the crack K on the specimen
surface is presented in Figure 8 where numbers in each photograph
indicate the distinctions of grains. A fine crack was found at 10°
cycles at the boundary of grains 2 and 9 (boundary 9-2) and grew
along the same boundary until 1.4 x 10° cycles. And at 1.8 and 2.1
x 10° cycles, the upper part of the crack entered into grain 2,
while its lower part progressed along the boundary 9-12 and reached
a triple point of grains 9, 12 and 18, and then entered into grain

18 with a short discontinuity at the triple point. Symbols ﬂ§§

express dominating slip planes in each grain and arrows attached
to the symbols indicate the directions of intersections of the
slip planes with the surface.

Table 4 shows the Schmid factors of 24 slip systems in grain 2
as an example, where S? and H?; mean a slip direction and a slip
plane, and K; is Schmid factor. Four suffixes have the following

meanings; k indicates grain number, 1 is 0 for <111>-{110} slip
system and 2 for <111>-{112} slip system, i (=1,2,3,4) indicate the
distinctions of four different slip directions in b.c.c. metal, j
indicates three different slip planes belonging to each slip direc~
tion and j takes 1, 2 and 3 in the order from the largest to the
least Schmid factors. Dominating slip systems were defined as
those having the Schmid factors larger than 0.38 which was selected
rather arbitrarily as in the author's previous report (3).

In Figure 8, it is found that the directions of the dominating
slip planes coincide with slip band directions. Especially, it is
noted that the boundary 9-2 where the first crack emerged is paral-
lel to the dominating slip plane N3% and cracks in the grains 2 and

18 are exactly in the directions of N3} and Ri§°2,

Photographs in Figure 9 show the inner surfaces of indicated
depths from the outer surface. Photograph (a) is the outer surface
after etch pit treatment. These photographs indicate that the
grain boundary crack on the outer surface tends to part from the
boundary under the surface (photographs (b) and (c)), and the con-
tinuous crack on the specimen surface is disjoined inside, and at
the depth of about 30um it becomes three separate cracks in the
grains 2, 9 and 18 (photograph (c)). In photographs (d) and (e),
a crack remains only in grain 2 and cracks in other two grains are
only traces and almost disappear. Grain N1 in photograph (e) is a
new grain appeared at this depth.

Three illustrations in Figures 10, 11 and 12 show the morphol-
ogies of the cracks in respective grains 2, 9 and 18. In each
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figure, the frame 1s in the directions of the specimens base vec-
tors 1, m and n. Bold lines (solid and broken) indicate grain
boundaries and fine lines indicate dominating slip planes. Coarse-
ly shadowed area is a crack surface resting on dominating slip
planes and finely shadowed area is a part of crack not resting on
any dominating slip plane or a crack on a grain boundary.

Figure 10 shows the morphology of crack in grain 2 in the in-
side layer deeper than 30um where the crack is separated from those
in the other grains. It is observed that the crack progressed into
grain 2 in the direction of S} along two dominating slip planes .5
and ﬂ%?. Moreover, comparing to the crack length measured at the
upper surface of the given frame in Figure 10 (about 120um), its
length in the direction of S% (about 200um) is much larger, and
therefore it seems that the crack propagated into the grain mainly
as a mode [I crack.

Figure 11 shows a part of crack from a to b in the photograph
(a) in Figure 9. Although this crack lay on the grain boundaries
9-2 and 9-12 on the specimen surface, it penetrated into grain 9 as
shown in the photographs in Figure 9. Tre shadowed area A is a
part of crack on the grain boundary to the depth of about 25um.
The similar area B is partly on the grain boundary but the other
part is inside the grain 2 without lying on any dominating slip
system. It is again observed that in grain 9 the crack progressed
in the direction of s} along two slip planes 3% and 1%3.

The illustration in Figure 12 shows a crack in grain 18 in the
inside deeper than 12um. In this case the crack is lying on three
dominating slip planes H%?’z, 739°°% and N38°°%, which all belong to
the same slip direction si8

Morphology of crack G  Crack G was observed to originate at grain
boundary 8-5 in Figure 13. This grain boundary is parallel to the
slip plane n%% of grain 8. Until 2.1 x 10° cycles, the crack grew
along the boundary 8-7 and entered into grain 9 in its lower part,
and its upper part entered into grain S.

Three dimensional morphology of this crack given in Figure 14
shows that the first cracked part along the boundary 8-5 is lving
on the same boundary to a certain depth as shown by the fine shad-
owing, but most part of the crack is {n grains 8 and 9. In each
grain the crack surface is on the two dominating slip planes and
penetrates into the common slip direction; slip planes n%? and Fgf
with the direction Sg in grain 8, and slip planes n3Y and N33 with
the direction S} in grain 9. Moreover, in this case of crack which
extended to two grains, it is found that the adjacent dominating
slip planes in two grains intersects with small mismatch and two
slip directions Sg and 53 are almost parallel.
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Under completely reversed axial stress (F=-1), the observation
was made at the stress ; (= ‘mgx) = 115MPa, and cracks were tound
at 3~ 10" cvcles. The test was interrupted at 107 cveles.,

Figure 15 shows one of such cracks observed on a specimen sur-

face. It was found first at grain boundarv 3-4 and until 5 - 10°
cycles, its upper part grew along another boundarv 1-2, and its
lower part entered into grain 5. It is noted that the first crack-

ed boundarv 3-4 is parallel to the dominating slip plane i of
grain 3, that is in the same mode as in the previous cases observed
under reversed bending stress. Patterns ot this crack on s.veral
inner surfaces are shown in photographs (h), (¢) and (d) in Figure
16. Photograph (a) is the outer surface after etch pit treatment.
These photographs show that the almost straight crack on the spec-
imen surface is no longer straight inside but it is bent at two
points (photographs (b) and (c¢)), and in the deepest part it be-
comes straight again (photograph (d)).

The morphology of this crack is shown in Figure 17. The upper
surface of the frame corresponds to 38um deep inner surface shown
in photograph (b), and at this stage grain 3 disappeared. Although
the illustration is rather complicated, by paving attention to the
shadowed area presenting the crack surface, it is found that the
crack is resting on one or two dominating slip planes having the
same slip direction in each grain; the crack is on EE? and ﬂﬁﬁ with
$i in grain 5, and on ﬂg? and '8} with s% in grain 6, and on H%f
with S$3 in grain 1. Moreover, the above three slip directions are
almost parallel as in the case of Figure 14. It is therefore sug-
gested that the crack propagated in these grains in almost the
same direction in the shear mode.

Figure 18 shows another crack observed at the same stress level.
This crack was found also at 3 x10° cycles at grain boundary 1-2,
and at 10° cycles it entered into grain 3 after passing through the
boundary 1-2 (photograph (a)). At the depth of 55um from the sur-
face (photograph (b)), the upper part of the crack has two branches
along the boundaries 1~4 and 2-4, and its lower part is bent along
the two slip planes HE% and N29.

The morphology of this crack is given in Figure 19, in which
grain boundaries inside the frame are not drawn to avoid complica-
tion. It is observed that the crack is on the grain boundaries to
a certain depth at the first cracked site and at the branched parts,
but in grain 3 it penetrated deep into the grain along the slip
planes N2} and N} in the direction si.

Cracks under Alternating Tensile Stress

Observations of cracks were made at Omax = 190MPa under
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alternating tensile stress (R=0). Under this stress condition,
slip motion was much more active than in the case of reversed
stress due to high maximum stress, and most of the surface grains
were covered by dense slip bands. Figure 20 shows such surface
grains photographed at 5 x10° and 2.2 » 10° cycles. Cracks are
found in the grain 1 along the slip bands whose directions coincide
with the direction of slip planes /1 and 71} belonging to the same
slip direction s}. Since these cracks disappeared after the tirst
removal of l4um thin surface laver, no illustration is given in
this case. The important thing is that no cracks were found at
grain boundaries under this load condition of R=0.

Figure 21 shows another crack observed at the same stress
level, and Figure 22 shows the morphology of this crack. The
crack nucleated again along slip band inside a grain (grain 1),
and it penetrated into the grain along the dominating slip system
S%-ﬂ%% in the shear mode.

DISCUSSION

As mentioned in the introduction, one of the purposes of this study
was to make clear the location of the nucleation of fatigue cracks.
So far there have been both assertions; whether fatigue cracks
nucleate at grain boundaries or theyv emerge along slip bands inside
grains (9)-(13). The observation in this study clearly shows that
the crack nucleation site is not inherent in the structure of mate-
rial but shifts its location depending on the applied maximum
stress which is varied by the stress ratio R. Under the reversed
stress of R=-1, development of slip bands is suppressed due to low
maximum stress and cracks nucleate at grain boundaries without ex-
ception, regardless of whether the stress is bending or tension-
compression. But under the alternating stress of R=0, all cracks
nucleate at well developed slip bands inside grains that are acti-
vated by high maximum stress.

The second point that was aimed was to make clear the fundamen-
tal morphology of early growth of cracks following their nucleation
in relation to the crystallographic structure of the materials. It
is now clear that an earlyv crack penetrates into grains along one
or more dominating slip systems having a common slip direction in
respective grains, regardless of whether it nucleated at a grain
boundary or along a slip band. This morphologv of earlv cracks is
quite the same as that of pencil glide commonly observed in the
slip motion in b.c.c. metals, as already suggested bv Otsuka et al.
(14) and Asami and Terasawa (15). In this sense, the propagation
of early cracks occurs in the shear mode.

The observation of the crack K showed that the crack continuous
in thin surface laver disjoined in the inside and separate cracks
penetrated deep in individual grains. Hence, it seems that thev
will coalescense again when their growth reaches some threshold

30




FATIGUE 87
value. However, there is another case as shown in Figures 14 and
17, where cracks extended over two or three grains. In such cases,

the crack propagates preferentially to the dominating slip svstem
of an adjacent grain which has a closer orientation to that of the
slip system in the first grain on which the crack already exists.
The existence of such preferential slip systems in neighboring
grains may be a cause of occurrence of the latter case.

In the previvus report, toe author pointed out that, when
cracks nucleated at grain oou daries. high orthogonalityv conditions
were satistied betweei tw. duoninating slip systems adjacent o eac.

cthor aioa grain boundarv vhere a preferential crack nucleation
a¢ oarved, and ene of the dominating slip planes was alwavs parallel
to the grain boundary (3). The par.llelism of a dominating slip

pluane to the cracked boundarv is again confirmed in this study as
frequently mentioned in the explanation of observation results.
Regarding the orthogonalitv conditions, the results of analvsis
for the cracks K, G and l. are listed in Table 5. It is found that
the angles between two dominating slip plane normals each in adja-
cent grains are close to a right angle and those between the slip
directions are also close to a right angle excepting the case of
crack K.

CONCLUSION

The nucleation and early growth of fatigue cracks in pure iron
plate specimens were observed under reversed bending and axial
stresses and also under alternating tension. The orientation of
grains surrounding cracks was determined by the etch pit method,
and three dimensional morphology of cracks were drawn based on the
observation of cracks on inner surfaces created by removing surface
layers. The major results are summarized as follows.

(1) Under reversed bending and axial stresses (R=-1), cracks
nucleate always at grain boundaries, but under alternating tension
(R=0), cracks nucleate along slip bands inside grains. Slip
motions activated by a high maximum stress in the latter stress
condition give rise to well developed slip bands in surface grains,
and thus produced persistent slip bands may be the source of crack
nucleation.

(2) Early growth of cracks subsequent to nucleation takes place
along one or more dominating slip systems having the same slip
direction in individual grains, regardless of the nucleation sites.
Its morphology is just like the pencil glide observed in b.c.c.
metals and the progress of cracks occurs mostly in the shear mode.

(3) When a crack extended to more than one grain, two cases
were observed; one 1s the case where the crack becomes discontin-
uous below the surface and separate cracks penetrate deep into
individual grains, and the other is the case where the crack
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propagates to an adjacent grain having a preterential slip svster
whose orientation is close to that in the tirst wrain.

(4) In the case when cracks originate at grain boundaries,

several crvstallographic conditions were tound at those boundaries,

in the previous studv. some of these conditiops were contirmed to
hold again in this study,

SYMBOLS USED

a; = hase vectors of cubic crvstal (2=1,2.1)

e = ridge line vectors of rhombic~-dodecahedron emerged
trom a vertex (:=1,.,1)

e:' = orthogonal prajection of e;

e;" = stereographic projection of e;

1, m, n =base vectors ot the specimen coordinate svstem

= angle between e: (:=1,2,%)

vy = angles between e,;’' (1=1,2,1)

I = angle between e;’' and 1

R =angle between e;' and m

iy, my, n; =direction cosines ot e; with respect teo 1, m, n

L.y i:y L =transformation matrixes

Sf, ‘;i =slip direction and slip plane

1(]Y = Schmid factor

suffix X = grain number

suftix ! =0 for 111 =110 slip system and 2 tor 111112
slip svstem

suffix 1 =distinctions of four slip directions (:=1,2,3,4

suffix ; =distinctions of three slip planes belonging toe cach

slip divection in the order of the magoitude ot
Schmid factor (7=1,2,%
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TABLE 1 - Etchants and etching conditions

Etchant A

Reagent: HCl O.l¢cc, HZOZ lcc. H;0 50cc

Soaking time and temperature: 20-30sec at 25°C
Ecchant B

Reagent: Saturated aqueous solution of FeCly«6H:0 10cc
HzO0 50c¢, HNOj3 Scc

Svaking time and temperature: SOsec at 25°C

TABLE 2 - Master table (first few lines)

X7z Q7,0 x4z 5040, Wlz=den72 GeD?773 3z 34?24
X2z 9N,25% X3z %0425 L1z=9e57c3 0 242773 w32 065773
K22 90,501 x4 40450 hlz=2edn72 1e9773 FE RS & Y
X2z 90, 7% X3z %0475 L13=04542 ! Qen772 V32 05772

i

PSR AR

X2z Q1,20 Xxi= 21490 Hlz«0e5570
X2z 9142% a3z 21429 Hl1==343519
£2z 91,50 X3z Jlet0 112=0454n07

X2, X3=8,, 933 N1, N2, N3=ny, np, nj3

Se5T7E W3z 045772
345771 W32 045771
042770 32 (45773

T N T TR (AT

TABLE 3 - Heat treatment and mechanical properties of material

Material Heat treatment Yield point Tensile strength Elongation
Pure iron 960°C 3hr, F.C, 115 MPa 239 MPa 48

i3 T
! [ ‘ s
! <111>~{110'slip system | <111>-:112}slip system
1
Y -
GNO. J s.d. 1 s.p. s.f. . s.p. s.f.lﬁ s.p. s.f.00 s.p. s.f. s.p. s.f. s.p. s.f,
si . tip K iy Ko Ti o K iy Kl NS E
I ; —
=1 i5=1l 0.0 15=12 0.02 £3=13 0.00 gj=1 0.334°12 0.2. f5ei3 oo
) 2 ‘ 210.3% 2 .23 204, 20, 2 oG.2h 23 e
! )
3 31 0,46 120,38 33 0.08 . 31 0,48 32 0.3 ] 33 L.17
4 | Al 0.220 ar o G.13 43 0,08 sl 0.21 < L2 0.1 PER
| S i I S, A —

Key: GuO.; grain number, s.d.; slip direction, s.f.; Schaid factor, s.p.; slip plane

TABLE 5 - Angular relationship between two dominating slip systems
in the grains adjacent at cracked boundary

—
Cratn .! Schmid | Angle (degree)
Crack boundary ! factor between the normals between
-] ; Ki - Kj of the slip planes ! the slip directicns
i 4. ——
K 9-2 | 0.40- oasT L(n22,~§§)=80.5 h £(s3,8) = a2
1 ! : ! :
G 85 5 0.48-0.47 ' c(n33,35) = | £(s¥,55) = 80.9
L L 10-12 j 0.40 - 0.67 | L(-ljﬂlr,rlsl.%) = 80.5 1 L(st, ,suw
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THE GROWTH OF PERSISTENT SLIP BANDS

W. J. Baxter”

The growth of persistent slip bands (psb) in 6061-T6
aluminum was measured with a photoelectron microscope
equipped with a fatigue stage. The psb appeared
initially as a small extrusion and elongated across
the surface by the sequential addition of new extru-
sions. As the psb elongated, the initial extrusion
became more pronounced. The rate of elongation in
polycrystalline material varied inversely as the
length, whereas in a single crystal the rate remained
constant. This difference is attributed to the con-
straints imposed upon a small grain by the surrounding

material. The growth laws are described by a simple
mode!l in which the psb is softer than the matrix of
the grain.

INTRODUCTION

In many materials the initial surface manifestation of fatigue is
the appearance of persistent slip bands (psb), some of which later
become sites for fatigue cracks (see, e.g., Forsyth (1), Laird (2)
and Mughrabi et al. (3)). This process can occupy a major fraction
of the fatigue Iife particularly at low stress levels. But whereas
the growth of fatigue cracks has been studied extensively for many
years, there is still little corresponding information on the
growth of psb. One reason for this is the difficulty of detecting
the early stages of psb formation with conventional techniques of
surface examination. In this study a photoelectron microscope
(PEM) equipped with a fatigue stage provided sufficient sensitivity
to observe the early stages of growth of individual psb in single
crystal and polycrystalline 6061-T6 aiuminum. The topography of
the psb was then examined in more detai! by scanning electron
microscopy. These experiments have revealed that initially a psb
appears in the form of a small extrusion, then elongates across the
surface by the sequential addition of new extrusions. Further it
is shown that in a2 singie crystal the rate of elongation is con-
stant, but in polycrystalline material the rate of elongation
varies inversely as the length of the psb. These growth laws are

* Physics Department, General Motors Research Laboratories, Warren,
Michigan 48090-9055
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accounted for by a model in which the material of the psb has a
lower yield stress than the matrix of the grain. The difference
between the single crystal and polycrystalline behavior is
attributed to the constraints imposed upon a smati piastically
deforming grain by the surrounding elastically deforming material.

EXPERTMENTAL

Smal) cantilever beam specimens, with a tapered gauge section

(~2 mm wide x 4 mm Iggg) were fatigued at maximum cyclic surface
strains of 23.0 x 10~ in the vacuum chamber of a photoelectron
microscope (Baxter and Rouze (4)). Specimens with small grains
(average diameter ~30 um) were machined from sheet material 1.5 mm
thick. A specimen with large grains was machined from a forging
such that the gauge section consisted of a single crystal. (The
only observable difference in the microstructures was a slightly
smaller concentration of Fe SiAI1 and Mg,Si precipitates in the
large grain specimen.) The surfate was méchanically polished with
1 um diamond paste, then etched for four minutes in a solution of
2 mb H2$0 , 1 mL HF and 97 mL H20 to reveal the grain boundaries.
Finally, éhe specimens were exposed to ambient air for 24 hours to
form a thin surface oxide film,

In the PEM, photoelectrons emitted from the specimen pass
through a magnetic lens system and form a magnified image of the
surface on a fluorescent screen. As the specimen is fatigued, the
thin oxide film is ruptured by the emerging psb, exposing fresh
metal surfaces. These surfaces emit more photoelectrons (so called
exoelectrons (Baxter (5)) than the surrounding oxide-covered metal,
and appear as white spots or lines on the micrographs shown in the
next section.

RESULTS

Photoelectron Microscopy

A complicating factor in the measurement of psb growth rates is
that a large number appear, and grow, simultaneously. In these
exper iments, the psb were imaged at regular intervais during a
fatigue test and the measurements were confined to psb which
elongated in a simple manner without the complication of inter-
actions with other psb.

Single Crystal. The early stages of growth of some psb are

i ITustrated by the photoelectron micrographs in Figure 1. This
sequence depicts the characteristic behavior of the initial appear-
ance of many small spots of emission and the subsequent elongation
of many (but not all) of them, as the psb grow across the surface.
The number of cycies required to create an initial spot of emission
varies considerably from one psb to another, new spots appearing
even after some psb have elongated substantially. The psb A-E in
Figure 1 were measured because they were relatively isolated.

&~
&
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Within the range of observation the length of all these psb
increased in direct proportion to the number of fatigue cycles
(Figure 2). Similar behavior was also observed for other psb at
other locations on the specimen; however, the rate of growth dif-
fered from one psb to another, as is evident in Figure 2.

6) and (7)), in polycrystalline specimens the length of a
psb increases as the square root of the number of fatigue cycles.
This parabolic growth law differs substantially from that for a
single crystal as is illustrated by Figure 3, where the measure-
ments of a psb in a polycrystalline specimen are compared with
those of psb A of Figures 1 and 2. (Note that the number of
fatigue cycles plotted in Figure 3 is that in excess of those
required for the initial onset of exoelectron emission NO)' In
this example, the length (£) of the psb is given by

-3

Polycrystal. As has been reported previously by this author
asaxter z ;

=8x10" (N-3.5x 103) pm for the single crystal (1)

and

=036 (N-2.7x 103)1/2 pm for the polycrystal (2)

angzthglrespective growth rates are 8 x 1()'3 um/cycle and 6.5 x
107° 27 um/cycle.

Scanning Electron Microscopy

Examination of the specimens in a scanning electron microscope
did not reveal any obvious differences in terms of the topography
of the psb extrusions. Each contained psb with similar structures,
ranging from simple to more complex depending upon their maturity.
In this regard, comparison with PEM images showed that the initial
or mature portions of a psb had more pronounced extrusions than the
freshly formed regions near an advancing tip. This tapering of the
extent of extrusion is illustrated by the scanning electron micro-
graph in Figure 4,

DISCUSSION

The important finding of this investigation is that the growth
kinetics of persistent slip bands in a single crystal are quite

different from those in polycrystalline material. The rate of
growth in tbf single crystal is constant, but in the polycrystal it
varies as £ °. Therefore we conclude that in a single crystal a

psb can elongate in a relatively unconstrained manner, whereas the
growth of a psb in a small grain of a polycrystaliine specimen is
restrained by the surrounding material.

Mode |

The physical basis of our model is that i) the material within
a psb has a lower yield stress than that of the surrounding matrix,




FATIGUE 87

and ii) the elongation of the slip band involves a systematic
conversion of the original matrix microstructure to a different and
weaker form. This approach is based upon well documented evidence
in the literature. For example, transmission electron microscopy
of psb in aluminum alloys (Vogel et al. (8) and Stubbington (9))
has shown that the very small strengthening precipitates are dis-
persed or dissolved by the repetitive dislocation motion, creating
a thin (~0.1 um) planar layer of material relatively free of pre-
cipitates. This permits dislocations to move more easily and can
even lead to the formation of dislocation cell walls within the
slip band ((9) and Lynch (10)). In fact very large cyclic strains
(0.3 to 0.6) in psb have been measured directly by interferometry
(Lee and Laird (11)). Other evidence for the creation of softer
material within a psb has been found in single crystals of copper,
nickel, and silver (Mughrabi (12)).

Thus, a grain containing psb can be regarded as a composite
material consisting of a strong matrix containing thin planar
lamella of softer material. Such a two phase composite model has
been proposed previously to describe the cyclic stress strain curve
of polycrystalline material (Pedersen et al. (13)). The cyclic
stress creates a large predominantiy-plastic deformation (€ )
within the psb, but only elastic deformation (€ ) in the matrix.
The primary source of fatigue damage is the sev8re deformation in
the psb, consisting of extensive dislocation motion which creates
the surface extrusions, and simultaneously emits dislocations from
the tip of the psb into the adjacent matrix material. This flux of
emitted dislocations changes the microstructure in the adjacent
matrix material and thereby elongates the psb. The rate at which
this process occurs is assumed to be given by

WP (3)

The total macroscopic strain (eT) contributed by a grain containing
a slip band is

€ = f €. * (1 -f7) eg (4)

where f is the fraction of the grain occupied by the slip band.
For a slip Band of length £ and thickness t in a grain of diameter

D, f= b£/02 Since t ~ 0.1 pm (8), the value of T is aiways very
smal | (<10 °) even for fine grain material. Thus, to a good
approximation

er = f € ¢ € (5)

Comparison with Experiments

The contribution to the macroscopic strain from the psb (f ¢ )
depends upon the experimental ioading conditions.
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Polycrystalline Specimen. Consider a small grain containing a psb,
surrounded by grains of different orientation which are only
deforming elastically (a common occurrence in the early stages of
fatigue). This neighboring material constrains the deformation of
the grain under consideration, so that under the condition of con-
stant cyclic amplitude €1 is held constant. This constraint also
maintains €_ at a constant level throughout most of the grain.

Thus to a f¥rst approximation

f €. = constant (6)

and dZ/dN ~ 21, as was observed experimental ly.

Single Crystal. In this case psb are initiated with equal
probability across the entire width of the specimen so there is no
constraint on the value of €r. As a soft psb develops €+ will
increase slightly, the additional contribution to eIongaIion being

accommodated elastically in the relatively long ends of the speci-
men. Thus, to a first approximation the crystal experiences a
constant cyclic stress, and €_ is constant. In this case di/dN is
constant, as was observed expgrimentally.

Single Crystal Under Constant Plastic Strain. An experiment in
which a single crystal is fatigued under constant cyclic plastic
strain would provide an additional test of our model, since f ¢
would be constant and should result in parabolic growth of the Ssb.
While this experimental condition is not attainable in the PEM, it
has often been employed in studies of psb formation in copper
crystals. Unique among these is the work of Wang (14) who measured
the vertical height of psb extrusions by a profiling technique in a
scanning electron microscope. Wang’s data is replotted in Figure 5
and clearly demonstrates a parabolic relationship. These results
support our mode! and show that the processes of psb elongation and
extrusion growth are controlled by the same driving force (ec).

SYMBOLS

p = constant

= grain diameter (um)
€. = strain in psb
(g = strain in matrix of grain
€7 = total strain of grain
f = fraction of grain occupied by psb
< = length of psb (um)

N = number of fatigue cycles




(1)

(4)

(5)

(6)

(7)

(8)

(9
(10)

(11)

(12)
(13)

(14)

FATIGUE 87

number of fatigue cycles to initiate psb
thickness of psb (um)
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Figure 1. Photoelectron micrographs showing development of
exoelectron emission from psb during fatigue of a single crystal of
6061-T6 aluminum.
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Figure 4. Scanning electron micrograph of a portion of psb C in
Figure 1.
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THE MECHANICS OF FATIGUE-CRACK NUCLEATION IN A LOW-ALLOY STEEL
UNDER FRETTING CONDITIONS

J. Beard®- and P.F. Thomason™

A novel fretting-fatigue test rig. giving close
control and monitoring of contact stresses and
slip-amplitude at a spherical "Hertzian" fretting
contact, was used to establish the progressive
mechanism  of fretting-fatigue. Metallographic
analysis by SEM and TEM methods revealed the
presence of very hard white-etching layers which
were found to fragment and break away from the
fretting-contact surface at regular intervals. The
paper contains tentative proposals for the mechanism
of fatigue-crack nucleation under fretting
conditions, in the presence of white-etching layers.

The present work was carried out with the object of establishing
the detailed mechanism of fatigue-crack nucleation, in a low-alloy
steel. under fretting conditions. The fretting experiments were
performed as a series of interrupted tests. to various fractions of
the total fretting-fatigue 1life, to observe the progressive

development of fretting-fatigue damage with the aid of SEM and TEM
methods.

An important feature of the present experiments was the choice
of a spherical ‘'Hertzian' fretting-contact pad which gave a
controlled contact-stress field. without the presence of the large
localised stress concentrations and discontinuties which are
present at a flat fretting pad. The experiments showed that an
unusual metallurgical transformation occurs in the surface layers
of materiai :t a fretting contact which results in the formation of
an extrramely hard and Dbrittle layer. These transformed
surface-layers began to develop at isolated points over the
* Department of Aeronautical and Mechanical Engineering.

University of Salford, Salford M5 4WT. UK.

" Now at National Centre of Tribology. UKAEA, Warrington, WA3 6AT,
UK.
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fretting surface and were found to have a featureless appearance
after metallographic etching; they are therefore referred to
subsequently as white-etching layers. These hard and brittle
layers were found to have an important influence on the mechanisms
of both fretting-wear and fatigue-crack nucleation.

THE FRETTING-FATIGUE EQUIPMENT

In most previous experimental work on fretting the low levels of
cyclic-slip amplitude at the fretting contact have been obtained by
direct utilisation of the cyclic elastic straining of a fatigue
specimen. Various flat-faced fretting pad and bridge arrangements
{1) (2) (3) have been used to give a relative slip-displacement
across the 'feet' of the bridge device. when the specimen is
subjected to cyclic fatigue loading. The completely 'floating'
bridge device used by Field and Waters (1) has the primary
disadvantage that neither end of the bridge is fixed relative to
the specimen and hence only the sum of the slip amplitudes at the
two fretting pads is known; a disproportionate and varying amount
of slip may therefore occur at the two pads over the course of an
experiment. Attempts to eliminate this 'floating' effect have been
made by Ording and Ivanova (2) and McDowell et al (3) by fixing one
end of the 'bridge' relative to a point on the specimen. However.
in these experiments no attempts were made to measure directly the
magnitude of relative displacements at the pad/specimen interface
during testing and since relatively large clamping forces are
required with a flat-pad contact, any changes in the mean
coefficient of friction at the pad/specimen interface could have
produced substantial variations in the estimated levels of slip
amplitude.

An additional limitation of the flat-pad type of fretting
contact concerns the large stress concentration which develops in
the substrate, adjacent to the square corners of the pad. when the
fretting interface is subjected to shear loading. The theoretica.
solution for a band of uniform shear stress on the surface of the
half-plane (Muskhelishvili (4)) gives the result in Fig. 1la., which
shows the presence of stress singularities at the euds of the
loading band. Wright and O'Connor (5) have studied the
stress-concentration effect at the corners of a flat pad in contact
with the half-plane., using finite-element models. and have
confirmed the complexity of the stress and displacement fields at
an ostensibly simple contact pceometry. It seems reasonable to
conclude, therefore, that in order to achieve a clear understanding
of the fatigue-crack nucleation process under fretting conditions.
it is necessary to utilise a fretting contact geometry which has
been analytically modelled, and which is free from singularities
and discontinuties in the contact stress tield.

Following a wide-ranging review of the surface-contact problem
it became clear that only the Mertzian “sphere and plane” geometry

1
i~
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(6)(7) fulfills the above requirements. Hamilton and Goodman's
results (7) for the surface stress component oy, on the
longitudinal axis of symmetry of a sliding Hertzian contact are
plotted in Fig. 1(b): this graph shows that the ox stress reaches a
sharp tensile maximum at the trailing edge of the spherical
contact, but unlike the flat-pad type of contact (Fig. 1(a)) there
is no stress singularity. A further important feature of the
circular Hertzian contact, in the present context, is the low level
of micro-slip before the onset of gross sliding and the fact that
the extent of micro-slip can be readily determined analytically.
It was therefore decided to base the design of the present
fretting-fatigue equipment on the 'sphere and plane’
fretting-contact geometry. The spherical-contact geometry does not
appear to have been used before in fretting-fatigue experiments,
even though it has the major advantage of being a self-aligning
geometry.

The fretting-test equipment used in the present experiments is
shown schematically in Fig.2 and this incorporates a bridge
arrangement designed to eliminate the uncertainties in measuring
slip amplitude which would have been present with a floating bridge
of the type used in previous work (1). The equipment was designed
to fit in the standard specimen holders on an Amsler Vibraphore
fatigue machine, and the spherical fretting pad is mounted on the
end of a lever arm which has a fulcrum positioned at the lower end
of the fretting-fatigue specimen. This arrangement restrains the
fretting-pad base plate in the direction of sliding, whilst
allowing free movement in the direction of normal contact loading.
Dead weight loading via a pulley-wheel system is a simple and
precise method of applying the relatively small normal contact
loads that are needed to give high stresses at a Hertzian contact.
This loading arrangement also has the added advantage of being
self-compensating for wear of the fretting contact (with a
proving-ring loading system, where the compliance is very low,
small amounts of wear can cause considerable load variation). A
second lever arm is utilised to hold a small rolling element
bearing against the opposing flat of the fatigue specimen and by
this means a side load, equal and opposite to the normal fretting
load is applied to eliminate any bending stress which might
otherwise be induced in the specimen. An important feature of the
present fretting-test equipment is the incorporation of a
pre-loaded bearing at the lever-arm fulcrum. The fulcrum is
composed of a needle roller bearing which has had the external
surface of the outer race ground back to leave three raised
platforms (Fig.2). When fitted in the housing the outer race is
located on two of the platforms; a load is then applied, by means
of a screw, to the third platform which is just sufficient to
distort the race and induce a slight pre-load on the bearing. In
this way any free radial play is removed from the bearing, thus
eliminating a possible source of inaccuracy when measuring the slip
amplitude in the fretting experiments.
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The fretting pad is mounted on a fretting-head assembly (Fig.2)
which contains a piezo-electric transducer polarised to measure the
tangential fretting-contact force. The fretting-head assembly can
be positioned and clamped to the lever arm (Fig.2), at any required
position over the full gauge length of the fatigue specimen. to
give an extensive range of variations in the fretting
slip-amplitude. The precise magnitude of the slip-amplitude in a
given experiment is monitored by means of a small inductive
transducer which measures the relative displacement between the
specimen and fretting pad adjacent to the contact surface. The
output signals from both the tangential-force and slip-displacement
transducers were used to give continuous monitoring of the fretting
shear-force and slip-amplitude, respectively, throughout each
fretting experiment.

THE FRETTING-FATIGUE EXPERIMENTS

The material wused for the manufacture of the fretting fatigue
specimens was a low-alloy manganese molybdenum stee}l supplied to En
16T(BS 970-1955) specification. the cast analysis was 0.34% (.
0.31% Si: 1.49% Mn: 0.23% Mo; 0.031% S:. 0.007% P. The steel was in
the form of 25.4mm diameter rolled bar hardened by oil quenching at
850°C and tempered at 600°C for two hours. Preliminary experiments
established that the specimen material had a 0 2% proaf stress of
765 MN/m2, and the fatigue limit in the absence ot fretting was

found to be s+ 420MN m2. The fretting fatigue specimen was in the
form of a standard push-pull type of fatigue specimen with a
reduced working section of 4.25mm diameter. Two parallel tangent

planes were fine ground over the gauge length of the fatigue
specimens; one of the flat surfaces was then chosen as the test
surface and polished to a metallographic finish. The spherica:
fretting pads used throughout the present work were machined by a
wire-erosion process from a commercial 50.8mm  diameter 1%
chrome -steel ball bearing of En 31 specification.

The present experiments were designed to investipate the

progressive development of fretting damage and not. as o *he
majority of previous work. rely solely on observations made at the
end of a completed fretting test The procedure consisted of
establishing the total fretting - fatigue life under a particular set
of loading conditions. and then carrying out  experiments  on
separate specimens under identical test conditions but for varying
proportions of the total fretting fatisue ]ife. tor the main

series of experiments reported in this paper the specimens were
subjected to a bulk fatigue stress of s 290MN m° (69% of the normal
fatigue-limit stress) and a normal contact load on the fretting
pads of 46N. Tests were carried out with the fretting pads located
at either the top or bottom of the specimen gauge length which pave
slip amplitudes of either 18 microns or 6 microns. respectively

In the subsequent discussion. the terms hipgh and low slip amplitude
will be adopted to indicate that the siip levels are nominally 18
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and 6u respectively. All the tests described in the present paper
were carrjed out in the normal laboratory environment at rgom
temperature; the test frequency userd throughout the experiments was
69 Hz.

RESULTS

Although only a limited amount of i{nformation was obtained by the
direct SEM examination of the fretting scar surface there were
never-the less several interesting features; damage to the
fretting contact surface was found to be extremely rapid and a well
established wear scar had developed after low-amplitude fretting of
1300 cycies (9). The surface damage continued to increase in
severity. with increasing number of fretting cycles, until the
deterioration in surface finish appeared to stabilise at about
10.000 cycles, beyond this stage a new feature began to develop in
the form of micro-pitting (9) With further increase in fretting
to 35,600 cycles and beyond, the fretting scar began to develop an
extensive smeared layer of oxide debris which concealed microscopic
surface features in direct SEM examinations. Al]l subsequent
examinations of fretting damage were therefore made by longitudinal
microsectioning of the wear scar.

The micro-sections showed that the fretting -scar surfaces
invariably developed very hard white etching layers. the magnitude
and extent of which was found to increase approximately in

proportion to the level of the slip amplitude. Thin-foil TEM
analysis revealed that these white-etching layers were of b.c.c.
ferrite with a cell size of the order of 100 A° (9}. Under low

slip amplitude conditions there was evidence as early as 1000
cyclies of white etching layer formations covering the central area
of the scar. The white-etching layers were found to be in the form
of lens shaped platelets, the largest of which measured less than
2u  thick by 8u lung on the micro section. The tnitial rapid
surface roughening and micro pitting observed in the fretting
experiments appeared to be the result of a proportion of these
white etching platelets breaking up and becoming detached. Many of
the white etching platelets were found to exhibit signs of internal
micro cracking and loss of cohesion with the substrate. with the
micro-cracks often being oriented at a shallow angle to the surface
of the platelets.

With increasing number of cycles the white etching platelets
which were still strongly bonded to the substrate showed a tendency
to merge together to form an almost continuous layer over the
entire central region of the scar. From this point on. which
occurred at around 10,000 cycles. the layer increased in size until
by 90,000 cyclies it had grown to a length of 90u and a thickness of
6u, Fig.3. For the present set of fretting conditions the white
etching layer did not have the opportunity to develop much beyond
this size since converging micro-cracks were invariably nucleated
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at the boundaries of the layer. These cracks, which were inclined
at approximately 20° to the surface. eventually linked up to
dislodge the white-etching layer and produce a large pit on the
surface of the specimen. Measurements of the average fretting- scar
diameter clearly indicated the onset of crack coalescence and
pitting by a sudden increase in the fretting scar size (9).
Micro-hardness tests on residual pieces of white-etching layer on a
specimen which had been subjected to fretting for 100,000 cycles
gave hardness values in the range 946Hv to 1312Hv. At the same
time micro-hardness readings of the substrate material, immediately
adjacent to the white-etching layers. were still equal to that of
the bulk material before fatigue testing: i.e. 283Hv

DISCUSSION

The metallographic observations of the fretting scar indicate that
white etching material forms over the centre of the contact area
where, according to the Hertz theory, the shear traction and
contact pressure are at a maximum. The results also show that
increased slip-amplitude levels promote increases in both the rate
of formation and the total size of the white e¢tching layer At the
high slip-amplitude level the white etching layers were found to
grow to more than 30u thick before becoming so extensively fatigue
cracked (Fig.4) that spalling often occurred resulting in. for a
short interval. a rapid increase in the wear rate, (9) In the
early stages of fretting (typically wup to 10.000 cycles) a
deterioratien in the surface finish of the contact region appeared
to be largely due to the spalling of microscopic platelets of white
etching material, which were typically less than 10u in length by
2u thick.

It appears from the present experimental results that the

mechanism for the nucleation of fretting fatigue c(racks in a
low-alloy steel is strongly influenced by the formation of hard and
brittle white-etching layers on the fretting contact surface The
intermittent formation and spalling of the white etching lavers
(Figs. 3 and 4) not only influences the wear rate. but also leads
directly to the nucleation of fatigue cracks. This general effect
is illustrated by the microsection of a fretting scar in Fig o
where the fatigue-crack nucleus originates at the apex of an
approximately triangular fragment of white etching layer. ths
white-etching fragment is situated in a region where a large
white etching layer has been broken down by the spalling «ffect
(9) The precise mechanism of white etching layer formation and
fatigue-crack nucleation, at a fretting contact. will be considered

in a Jlater paper when a more detailrd SEM and TEM analysis of the
results will be presented
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Figure 4 Optical microsection of white etching layer after
20.000 cycles: high siip amplitude. low bulk fatigue stress

Figure 5 Nucleation of a fretting fatigiue crack at s . te of
fragmented white etching layer after 100.000 (yiles. high Siap

amplitude. low bulk fatigue stress
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THE EFFECTS OF THIN ANODIC FILMS ON THE CYCLIC
MICROSTRAIN / MACROSTRAIN BEHAVIOR OF TUNGSTEN

by Keith J. Bowman* and Ronald Gibala=*

The occurrence of film softening or hardening
effects in bcc metals is dependent on the rel-
ative mobilities of edge and screw disloca-
tions at different homologous temperatures. In
this investigation, the difference in the
contributions of edge and screw dislocations
to plastic flow at different strain levels is
used to evaluate the role of thin anodic films
in cyclic deformation of W at 298 K. Large
reversible hardening effects observed at cyc-
lic microstrains and smaller scftening effects
which occur at cyclic macrostrains are de-
scribed in terms of the dominant dislocation
species for the two plastic strain regimes.

INTRODDCTION

Ar. understanding of surfaces and the effects of surface
moiification processes is critical in evaluating mechan-
ical behavior because minute differences in the weight
r volume fraction of a material that is directly mod-
tfled can prrnduce extraordinary changes. The dramatic
i~ening effects of thin oxide films demonstrated by
“ikala and co-workers on the monotonic flow behavior of
i-o7 metals {e. g. Figure 1) (1,2) and the B2 intermet-
4..:2 alloy NiAl (2,3) are examples of large changes in
~ech.anical response from surface modification. At low
nomologous temperatures (TS€0.10Tgq). these materials have
dicplayed reductions in flow stress greater than 50% and
rermarkable increases in ductility through the application
»f thin (50-350nm) thermal or anodic oxide films. It is
now recognized that preferential generation of mobile
=dge dislocations at the film-substrate interface allows
plastic flow at stresses much lower than normally re-
quired for macroscopic deformation by motion of less
mobile screw dislocations at these temperatures. At

*The Department of Materials Science and Engineering
The University of Michigan, Ann Arbor, Michigan 48109
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higher temperatures, (0.103T,<T<0.5T,), the same anodic
films effect an increase in flow stress associated with
inhibited egress of dislocations under conditions in
which the mobilities of edge and screw dislocations are
not greatly different. In the present investigation, the
effects of thin anodic films have been explored in two
distinct regimes of cyclic stress-strain behavior,viz,
cyclic macrostrain and cyclic microstrain. The results
illustrate that a small softening effect occurs in high-
stress cyclic macrostrain and an enormous, remarkably
reversible hardening effect occurs in low-stress cyclic
microstrain for W single crystals tested at room
temperature. The reversible nature of these effects
during film removal/re-application experiments and
assoclated slip behaviors is described in terms of the
current understanding of dislocation dynamics for bcc
metals.

Both hardening and softening effects have been observed
when thin films are applied to pure crystals (4). The
change in flow stress, whether an increase or decrease,
appropriately illustrates the dislocation dynamics gov-
erning mechanical behavior. Most observations of film
hardening occur under circumstances in which macroscopic
deformation is accomplished by cooperative motion of edge
and screw dislocations possessing similar intrinsic mobi-
lities. In bcc metals this corresponds to moderate homcl-
ogous temperatures, e.g. T>0.10Ty, whereas for fcc met-
als, flow is dominated by the combined glissile motion of
edge and screw dislocations to very low temperatures.
Hardening under these circumstances is usually attributed
to hindered egress of dislocations by the surface film,
An example of film hardening is shown in the lower part
»f Figure 1 for Nb single crystals deformed at
C.11Ty (1). Note the higher flow stress in the surface

ancdized, i1.e. modified (M) vis-a-vis unmodified (U) Nb.

Softening effects are observed for different reasons.
For example, an increased mobile dislocation density in
an otherwise dislocation-starved material (e.g. whiskers)
or an increase in the fraction of specific higher mobil-
ity dislocation types can produce a softening effect. As
with any mechanical behavior phenomena, softening effects
must be analyzed in relative terms. In bcc metals, soft-
ening can be observed easily because the flow stress be-
comes very large at low temperatures. Typical film soft-
ening is shown for Nb at 0.03Tp and 0.07T, by compariscn
of the behavior of modified and unmodified single crys-
tals in the upper portion of Figure 1. Since a much
greater force is necessary for screw dislocations to
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achieve mobile core configurations at low temperatures,
screw dislocations are less mobile than edge dislocations
(S). Low-stress motion of the available glissile edge
dislocations prior to macroscopic flow at much higher
stress levels is termed microstrain. Microstrain is very
limited in extent in well annealed crystals. Therefore,
evaluation of microstrain in monotonic deformation usu-
ally requires some prior prestrain (6). Because the
surface film softening effect produces an increased sup-
ply of edge dislocations, it can be considered to in-
crease the extent of microstrain, or at least to increase
the amount of plastic flow at similarly low stress lev-
els. Thus, low-stress monotonic flow behavior of becc
metals is dependent on the amount of plastic strain which
can be accommodated by the more mobile dislocation
species prior to motion of the less mobile dislocation
species at higher stress levels. For moderate temper-
atures where the cooperative motion of edge and screw
dislocations possessing similar mobilities persists to
large strains, relatively low work hardening rates are
observed. For low temperatures where there is a differ-
ence in the mobilities of edge and screw dislocations,
the supply of the more mobile dislocation species, in
this instance edge dislocations, determines the extent of
microstrain~-type flow. The range of temperature, applied
stress and plastic strain for which this low-stress flow
occurs is shown in Figure 1 by the cross-hatched region.

Cyclic deformation provides a unique opportunity to
explore film effects under essentially constant dislo-
cation structure in a way not possible in monotonic ex-
periments. In cyclic deformation, the distinct regimes
dominated by motion of edge dislocations and screw
dislocations, respectively microstrain and macrostrain,
can be sustained to large accumulated strains without
failure of the specimen as occurs in monotonic deform-
ation to large strains. Thus, film effects can be ex-
plored for two very different types of dislocation motion
under the near steady-state conditions of cyclic satur-
ation. Such experiments are described in this paper.

EXPERIMENTAL

W single crystals of a <123> orientation with the same
surface modification which produces substantial softening
effects in monotonic tensile deformation (7) were used in
the present cyclic deformation experiments. For the W
data reported here, the unmodified (U) condition corre-
sponds to zone melted and ultra-high vacuum annealed
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single crystals. The modified (M) condition corresponds
to anodization of the W crystals in 0.01M H2SO4 at a
potential of 40V which produces an ~80nm anodic film.
Film removal was accomplished by dissolution of the anod-
ic film in 0.05M NaOH solution. This solution removes
the visible blue interference color film in less than one
second. To insure that removing the specimen from the
machine did not influence subsequent testing, film remov-
al procedures were repeated in situ during a pause at
zero strain in the tension half of a cycle by squirting
the specimen gage section with the dilute NaOH solution
and immediately afterwards with a tap water rinse. Both
solutions were at room temperature when applied and
caused only small, insignificant zero shifts from changes
in specimen temperature. Similar application of tap water
to the specimen in the unmodified and modified conditions
did not alter the observable film color and produced no
hardening or softening effect. The cyclic deformation
experiments were performed using a controlled plastic
strain amplitude and a fixed total strain rate. Details
of the specimen preparation and experimental procedures
have been given elsewheare (8).

RESULTS AND DISCUSSION

The relationship between modulus-compensated saturation
stress and plastic strain amplitude at various homologous
temperatures and strain rates for several different bcc
metals is shown in Figure 2. The resnlts for unmodified
(U) and modified (M) W are from our current research and
those for other bcc metals are from investigations which
utilized similar specimen orientations with no s face
modification (9-12). For results from investigations on
other bcc metals smooth curves were drawn through data,
with the thickness of the lines corresponding approxi-
mately to errors in extracting data from published fig-
ures. Tensile saturation stresses are shown normalized
to Young's modulus. Cyclic deformation of unmodifiec bcc
metals at low homologous temperatures produces two dis-
vinct regimes of cyclic defermation behavior correspond-
irg to cyclic mscrostrain at high stresses and cyclic
m.crostrain at low stresses (8). At higher homologous
temperatures the difference between the two regimes be-
comes small and the cyclic stress-strain behavior of bcc
metals begins to resemble the behavior shown for fcc met-

als. When normalized by elastic modulus, the cyclic
stress-strain curves for fcc metals for T £ 0.50T will
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generally fall within the thickness of the line so desig-
nated, however a relatively small temperature dependence
of saturation stresses has been reported for Cu (13, 14).
The cyclic stress-strain behavior in Figure 2 and the
monotonic deformation behavior shown in Figure 1 are re-
lated. Multiplication and difficult motion of both pri-
mary and secondary screw dislocations in cyclic macro-
strain leads to the formation of a cell-type dislocation
structure with large accumulations of dislocation loop
debris at large accumulated strains (9). Additionally,
the stress level for cyclic macrostrain is a very strong
function of temperature and strain rate. Monotonic flow
behavior to macrostrains at low homologous temperatures
like that shown for Nb in Figure 1 results in the same
type of dislocation structures and is also very tempera-
ture and strain rate sensitive. Cyclic microstrain is
characterized by relatively little dislocation multipli-
cation and easy back and forth glide of edge disloca-
tions. The extent to which cyclic microstrain persists
increases with increasing temperature and decreasing
strain rate, even though the actual stress level is fair-
ly insensitive to temperature and strain rate. This in-
creased extent of the low-stress microstrain regime with
increasing temperature is a result of an increased con-
tribution from thermally-assisted motion of screw dislo-
cations. Microstrain measurements made in monotonic de-
formation have the same characteristics. Note the simi-
larity between the persistence of low-stress cyclic
microstrain behavior to greater strain levels at higher
homologous temperatures and the increased extent of low
stress flow in monotonic deformation of Nb when the temp-
erature is increased from 0.03Ty, to 0.11Tp. For the con-
ditions in which the experiments on W were conducted, the
difference between the cyclic macrostrain and cyclic
microstrain stress levels is very large, ~600MPa. The two
primary observations of this investigation are a small
film-induced softening effect in cyclic macrostrain and a
very large film-induced hardening effect in cyclic micro-
strain. Because the deformation mechanisms involved are
very different, the effects of thin anodic films on cyc-
lic macrostrain and cyclic microstrain will be described
separately.

cyclic M .
At macroscopic plastic strain amplitudes gy >1x10-3,
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the interaction of surface film softening effects with
cyclic hardening produces a reduction in saturation
stresses of 30-50MPa. This cyclic softening effect occurs
by an edge dislocation pumping effect as for monoton-
ically film-softened Nb in Figure 1. BAlthough in frac-

tional terms this is a small effect, the absolute size of
this effect is very close to the observed macroscopic
softening effect in tensile deformation of W on the first
quarter cycle of the experiment (15). This effect is
easiest to produce in specimens which have been anodized
prior to cyclic deformation, but, as shown in Figure 3,
it is observed as well by applying the anodic film soon
after cyclic saturation is reached. At accumulated
strains, €3cc,well beyond saturation, anodization produces
little or no effect and in situ removal of the film does
not produce observable hardening or softening effects.
Furthermore, from observations on both <123> and <110>
oriented crystals (15) the softening effect occurs
primarily in tension, with little or no effect in
compression. Note in Figure 3 that the compression peak
stresses are nearly identical in the unmodified and
modified conditions. This result corresponds to a
greater monotonic softening effect observed in tensile
deformation than in compressive deformation of anodized W

by Talia (16). It is also consistent with the determin-
ation of tensile anodization growth stresses in W thin
foils by Bowman (17). In cyclic macrostrain, very differ-

ent surface slip behavior is observed at the same €. for
the unmodified and modified conditions (15). At €;=0.00375

surface modification produces coarse, wavy-slip combined
with fairly straight slip bands corresponding to anoma-
lous, low Schmid factor {110} planes. This is contrary to
fairly fine slip observed on {112} planes for the unmodi-
fied material. This substantial difference in surface
slip features in the unmodified and modified conditions
suggests that the thin anodic film has a very strong
effect on deformation behavior near the surface, even
though the change in mechanical response is relatively
small in cyclic macrostrain.

Cyclic Mi .

At microstrain levels, 2.5x107°<g;<1x1074, saturation

stresses are very sensitive to the presence of thin anod-
ic films. At €= 7.5x107° the increase in saturation

stress is greater than 400MPa! The clearest demonstration
of the film hardening effect in cyclic microstrain is
shown in experiments wherein the film is repeatedly ap-
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plied to the surface and later removed by in situ disso-
lution, Figure 4. Application of an 80nm anodic film to a
soft, cyclically microstrained specimen at t»:p,|z7.5x10‘E

resulted in rapid cyclic hardening when cyclic deform-
ation was resumed under the same conditions. The spec-
imen hardened over 300MPa in 125 cycles and had not yet
reached saturation. Upon removal of the anodic film in a
dilute NaOH solution, cyclic softening was immediate. The
rate of softening was nearly equal to the prior hardening
rate and the peak stresses quickly approached the orig-
inal saturation level. Although still substantial, the
rate of softening or hardening diminished as further re-
application/removal iterations were carried out. Nonethe-
less, at €zcc=1, the peak stress still dropped by over

100MPa upon removal of the film. The difference in vis-
ible slip features between unmodified and modified W is
dramatic for specimens cycled to €30c=0.05 at &y =5x10"°

(15). For the unmodified material <111> slip is preva-
lent on both {110} and {112} planes, whereas the presence
of the anodic film almost totally suppresses the occur-
rence of visible slip markings. This observation, coupled
with rapid cyclic hardening upon re-application of the
anodic film, suggests that the hardening effect is assoc-
iated with difficult egress of dislocations at the sur-
face in the modified condition.

With the exception of the magnitude, the cyclic film
hardening effect in microstrain at low homologous temper-
atures parallels the monotonic film hardening observed in
becc metals at moderate homologous temperatures during
macroscopic flow. In both instances, a low stress level
is maintained by the fairly easy motion of available mo-
bile dislocations. In cyclic microstrain at low homolo-
gous temperatures there is a steady-state supply of high
mobility edge dislocations and in monotonic deformation
to macrostrain levels at moderate homologous temperatures
both edge and screw dislocations are mobile. For both
types of deformation an effective reduction in the supply
of mobile dislocations produces hardening. An argument
complimentary to that expressed earlier for film soft-
ening is that film hardening is likely to occur mainly in
materials that are intrinsically soft. Any disruption of
dislocation motion or dislocation multiplication and ex-
haustion processes in a material that already has an
abundant supply of mobile dislocations will produce a
hardening effect as observed at cyclic microstrain at low
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temperatures and in monotonic macrostrain at higher temp-
eratures in bcc metals. On the other hand, it is diffi-
cult to make a very hard material even harder. Providing
an increased supply of more mobile edge dislocations by
the presence of anodic films at macrostrains and low
homologous temperatures is expected to produce a
softening effect.
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Figure 1: The effects of a thin oxide film on the monotonic flow
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SURFACE DEFORMATION AND FATIGUE CRACK INITIATION OF = -I1RON
SINGLE CRYSTALS

C. S. Kim, Y. W. Chung and M. E. Fine®

The cyclic deformation and fatigue crack initiation
properties of o-iron fatigued under plastic strain
control were investigated as a function of orienta-
tion. Single slip, double slip and localized defor-
mation in the form of macroscopic deformation bands
brought about by plastic instability were observed.
Cracks were found to initiate at slip lines anywhere
from 100 to 20,000 cycles depending on crystal
orientation at a plastic strain amplitude of

5 x 1074,

INTRODUCT ION

Much work has been done on the monotonic deformation properties of
a-iron (1-7) and of BCC materials in general (8-10). More re-
cently, the cyclic plastic deformation behavior of g-iron has been
studied more extensively (11-13). It was not clear from the lit-
erature how the cyclic deformation behavior of n-iron varies as
the crystal orientation was changed. The point of this research
was to fatigue single crystals of various orientations at a con-
stant plastic strain amplitude and at a constant total strain rate
and note any significant changes in the crack initiation behavior
as well as any significant changes in the surface deformation.

EXPERIMENTAL PROCEDURES

Single crystals of y-iron were grown by the strain anneal tech-
nique (14) from vacuum melted iron obtained from the Inland Steel
Research Laboratories. Two vacuum melted lots were used, WMI-1
and VMI-2., VMI-1 contained .005 wt.% C, .03 wt.% Mn, .005 wt.% P,

* Department of Materials Science and Engineering and Materials
Research Center, Northwestern University, Evanston, IL.
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002 wt.% S, .O13 wt.% Si, .002 wt.% N, - .008 wt.% Al and 119 ppm
of 0, VMI-2 contained .003 wt.% C, .0l wt.% Mn, - .003 wt.,” P,
002 wt.% S, - .003 wt.% Si, .002 wt.% N, - .008 wt.Z Al and

~ 1500 ppm of 0. Crystals 1 and 3 were grown from VMI-2 and all
the other crystals were grown from VMI-1. The single crystals
were grown in an environment of 95% argon and 5% hydrogen, in a
furnace with an imposed steep temperature gradient. The iron spe-
cimens were slowly moved through the temperature gradient at a
rate of 0.25 cm/hr or less. The set-up is described elsewhere
(15).

Crystal orientations were determined by the Laue back reflec-
tion technique and specimens were rotated to the tensile direc-
tions given in Figure 1. The specimens, cut out by electrical
discharge machining, were flat and dogbone shaped with gage sec-
tions of 7.6 mm X 2.0 mm x 5.1 mm. Each specimen was chemically
polished in a solution of 33% hydrogen peroxide and 67% phosphoric
acid until approximately 50 ym from all surfaces and a sharp Laue
pattern was obtained. The specimens were then mechanically pol-
ished to 0.05 ym Al,0.. This was done to avoid any pitting caused
by chemically polishing.

The specimens were axially loaded and fatigued under plastic
strain control using a conventional servohydraulic controlled
fatigue set-up. The fatigue wave form used was triangular with R
equal to minus one. A constant plastic strain amplitude of
5.0 x 107* and a constant plastic strain rate of 5.0 x 10°* per
sec were used throughout these experiments.

Fatigue crack initiation was studied with the replica tech-
nique. At specific intervals, plastic replicas were taken of the
specimen surface to be observed at a later date. These replicas
were shadowed with Au-Pd and subsequently examined in an SEM for
deformation markings and crack formation,

SURFACE DEFORMATION

Figure 1 is a standard stereographic triangle containing the
tensile directions of all the single crystals investigated.
Table 1 summarizes the surface deformation behavior of each of the
crystals. In general, deformation occurred in two forms. One
being slip band formation, sometimes wavy and sometimes straight,
and the other being a macroscopic plastic instability resulting in
localized deformation in the form of plastic deformation bands
(or surface undulations).

The "harder" the crystal orientation for the plastic strain
amplitude investigated, the more likely the crystal formed these
macroscopic plastic deformation bands. This can be seen in the
last four orientations listed in Table 1. The first entry and
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TABLE 1 - Summary Table of the Surface Deformation
Behavior and the Number of Cvcles to Crack
Initiation

Crystal Macroscapic | Tenale Yield | “Setration” | Number of Cycies
SipTracePlanes| poioretn | SUess | Swess |toCrack iitiation
Number Barde PR (MPa) N,
g trom $0.0
1 (o) (v No 37.2 >20,000
-50.0
aS bsS
(T12) (1
2 a. f'G b. S No 56.4 825 3000
(ti22q1y -870
a S b PG
(Tonyaty
a. PG b. PG 685
3 (TT2) 10 No 6456 -60.0 100
a8 b.s
(121071
8.5b.S 84.0
738 100
4 Ty One -84.0
a. S b PG
I m» ‘8
a. PG b. PG .
O 75.1 1500
5 (o)1 ne -78.0
a. PG p. PG
6° trom N 89.5
(231 (1T -85.0 1000
e a S b.PG Many 775
Q
5° from 820
7 (112) (TP Many 89.9 -80.0 1000
a. S b PG
]
note: a. tront face of specimen b. side face of specimen

S~ Straight

PG- Pencit glide
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last two entries exhibited straight single slip traces on the
front face of the specimen. For crystal 1, the slip traces on the
side surface were also very straight whereas the side faces of
crystal 6 and 7 exhibited pencil glide. The macroscopic slip
traces may actually be made up of slip occurring on some combina-
tion of BCC slip planes (f101}, {112} and {123)) on a microscopic
level with the overall apparent slip "plane" falling on a non-slip
plane. The Laue patterns of all the specimens tested were checked
at the end of cyclic fatiguing, and only crystals 6 and 7 were too
blurred (due to excessive deformatiun) to check for crystal rota-
tion. All the other crystals had either sharp Laue patterns or
Laue patterns with slight asterism where rotation was found to be
insignificant. The blurriness of crystals 6 and 7 is further evi-
dence for multiple slip having occurred.

Figure 2 contains 8 photomicrographs illustrating the surface
deformation behavior of ~-iron single crystals. The stress direc-
tions are indicated by arrows. Figure 2a is a photomicrograph of
the surface of crystal 1 after 20,000 cycles. It illustrates the
parallel slip plane traces formed on this crystal. A replica
taken of the surface after 20,000 cycles is illustrated in Figure
2b. Slip lines can be seen, but no cracks could be found anywhere
on the replicas taken from the surface of this crystal even after
20,000 cycles. Figure 2c¢ illustrates double slip. This was taken
of the surface of crystal 2 after 20,000 cycles of fatiguing. One
set of slip traces are seen to be wavy in appearance and the other
set appears to be quite straight. Figure 2d is a side surface
view of crystal 2. The wavy slip traces from the front face be-
come very straight slip lines on the side face. The single set of
slip lines of crystal 7 are illustrated in Figure Ze. The side
face of crystal 7 exhibited pencil glide as can be seen in Figure
2f. An example of localized deformation in the form of macro-
scopic deformation bands is illustrated in Figure 2g. Notice that
the macroscopic deformation bands are approximately 1 mm in width
and run at an angle of ~ 75 degrees to the slip line traces. An
example of fatigue crack initiation detection is illustrated in
Figure 2h. Crack initiation was noted to take place at 100 cvcles
for this crystal (No. 3). Notice the small crack observed to have
initiated at the slip line. The cracks are less than 1 um in
length and a fraction of a micron in depth., Figure 2i is a micro-
graph illustrating pencil glide on the surface of crystal 3,

FATIGUE CRACK INITIATION

Fatigue cracks for the orientations examined initiated at slip
lines only. No cracks were found to initiate in the valleys of
the macroscopic deformation bands.

The crystals investigated exhibited crack initiation at any-
where from 100 to greater than 20,000 fatigue cycles. Table 1
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summarizes the data on the number of cycles to crack initiation.
The "'softest" crystal, i.e., the one with the lowest vield stress,
smallest saturation stress and the least amount of surface defor-
mation, did not exhibit crack initiation for the total number of
cycles investigated, i.e., Ny > 20,000 cycles. It should be noted
that the slip traces were straight on both faces of this crystal,
This was the only crystal that exhibited this type of slip trace.
Crystals 3 and 4 were of intermediate yield strength, had more
than one slip trace and little or no macroscopic deformation bands.
They exhibited crack nucleation at an early number of cycles

(Nj - 100). The last two crystals (6 and 7) with the highest
vield strength values, the highest saturation stress, one slip
trace (with pencil glide on the edge face) and a large amount of
macroscopic surface deformation took a little longer to initiate
cracks than the intermediate crystals (Ny = 1000). Since a large
part of the plastic strain was accommodated by plastic instability
the crack initiation at the slip lines might be expected to start
at a larger number of cycles.

Figure 3 is a plot of the number of cycles to crack initi-
ation, N;j, versus the tensile yield strength. The yield strength
was obtained from the first hysteresis loop from the intersection
of the tensile elastic line with the plastic deformation curve.
The plot can be broken down into two regions, higher and lower
stress. At the lower stress level only slip lines were found to
occur and as the tensile stress decreased the number of cycles to
crack initiation increased, as would be expected. In the higher
tensile stress region, surface deformation was found in the form
of slip lines and macroscopic deformation bands. As the amount of
strain taken up by the large deformation bands increases and less
strain is accommodated by the slip lines, the number of cycles to
crack initiation at slip lines increases but the effect seems to
saturate.

In Figure 4 the tensile yield stress is plotted versus the
degrees of the tensile axis away from the [001] pole on the stan-
dard stereographic projection towards the [011) pole. The posi-
tion of the tensile axis was determined by projecting the tensile
axis onto the [0017-F0117 line through a great circle passing
throurh the slip direction (determined by measuring the slip
traces on two surfaces of the crystal and using standard stereo-
graphic procedures for determining the slip system). A peak in
the tensile yield stress is seen to occur at 25-30 degrees from
the (001 pole. This data correlates with the theoretical curves
developed by Opinsky and Smoluchowski (16). A peak in t.ae curve,
according to Opinsky and Smoluchowski, would correspond to slip
occurring mostly on f112} and/or {1231 type planes as was found to
occur in the present data.
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CONCLUSIONS

1. There was a surprisingly large variation in the number of
cycles to fatigue crack initiation depending on orientation At
the constant plastic strain amplitude of 5 x lo7* . varied from
100 to more taan 20,000 cycles. The variation corretated with
the plastic deformation markings.

2. The yield stress varied with orientation being maximum when

the tensile axis projected on the F001"-F01l71 side of the stere-
ographic triangle is approximately 30° from 70017.
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a) Surface of crystal 1 after b) Replica of crystal 1 surface
20,000 cycles after 20,000 cycles. No cracks
are noted

c) Surface of crystal 2 after d) Corner view of crystal 2

20,000 cycles after 20,000 cycles. Pencil
glide slip lines on front face
appear straight on edge face

' } '
\ ..\l 4
e) Surface of crystal 7 after f) Side face of crystal 7

10,000 cycles after 20,000 cycles. Notice
the pencil glide

Figure 2 SEM photomicrographs of single crystal surfaces and
surface replicas
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g) Surface of crystal 7 after
10,000 cycles. Note large
microscopic deformation bands

h) Replica of crystal 3 after
100 cycles. Slip band cracks
are seen

1) Surface of crystal 3.
Pencil glide in (101) plane
is seen

Figure 2 SEM photomicrographs of single crystal surfaces and
surface replicas
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[001] [011]

Figure 1 Standard stereographic
projection showing the tensile axes
directions of the crystals studied
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Tensile Yield Stress (MPa)

Degrees from [001]

Figure 4 Tensile yield stress versus orien-
tation of the projection of the tensile axis
onto the 001]-{011]
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THE EFFECT OF ION BEAM MIXED NI-AL SURFACE LAYERS ON
PSB EXTRUSION MORPHOLOGY IN FATIGUED NICKEL

D. S. Grummon* and J. W. Jones**

Experiments have been performed to study
the effect of ion beam mixed Ni-Al surface
layers on mechanical behavior and surface
damage accumulation associated with crack
initiation during fatigue of nickel. Su-
persaturated solid solutions of Al in Ni
and Ni3Al structures were produced, in
layers less than 100 nm thick, by ballistic
mixing of vacuum-evaporated films. Such
surface alloying altered the number,
distribution, and morphology of persistent
slip band extrusions. The results are
discussed in terms of stresses imposed on
the surface film in response to plastic
strain localization in the bulk.

INTRODUCTION

Several recent studies have reported on the effects of
surface modification by ion implantation on metal
fatigue (1,2). In many cases, ion implanted specimens
have shown increases in fatigue life accompanied by a
decrease in the number of slip band features present at
the surface. Since surface initiation of fatigue
cracks is closely linked to details of the three-
dimensional structure of slip band extrusions, it

is important to understand the effect of surface
modifications on such morphological features. Few
reports exist, however, which describe the

detailed local structure of surface slip features
found on ion beam modified materials. The present
work is part of an interdiciplinary effort to

study both the kinetics and thermodynamics of ion

beam mixing in the Ni-Al system, and the influence

of such surface modification on cyclic deformation
phenomena associated with

* Department of Metallurgy, Mechanics and Materials
Science, Michigan State University.

*% Department of Materials Science and Engineering,
The University of Michigan.
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fatigue crack initiation. 1In this paper, measurements
of changes in mechanical behavior are reported, and a
descriptior. is presented of the distribution and
detailed local morphology of persistent slip band
structures observed during fatigue of nickel with ion
beam modified surfaces. Additional results, pertaining
to process kinetics and the thermodynamics of phase
stability during ion beam mixing of Al and Ni, have
been published elsewhere (3).

EXPERIMENTAL METHODS

Fatigue specimens were machined from nickel alloy 270
into 4 inch long cylindrical bars. The specimens were
mechanically polished and then annealed in dry argon-3%
hydrogen for 3 h. at 1073 K. The resultant average
grain diameter was approximately 0.4 mm. Annealed
specimens were electropolished in a cold solution of
perchloric acid and ethanol. (Further details may be
found in reference 4.)

Surface modification by ion beam mixing was
accomplished in two steps. First, alternate layers of
nickel and aluminum were deposited by vacuum
evaporation. Two average compositions were obtained by
varying the thickness of the layers. In one, an
average composition of 16 at.% Al was produced by
depositing alternating 15.6 nm Ni layers and 6.7 nm Al
layers. A second composition of 23 at.% Al was
achieved with 15.6 nm Ni layers and 11.5 nm Al layers.
In each case, five layers were deposited, with nickel
as the outermost layer, as shown schematically in Fig.
1. After deposition of these films by vacuum
evaporation, the specimens werﬁ'irradiated with 0.5 MeVv
krypton ions to a dose of 1x10 6 ions/cm2. The 23 at.%
composition specimens were subsequently given an
annealing treatment for 1 h. at 723 K. to precipitate
the gamma-prime (NijAl) phase.

Surface layer characterization was carried out
using Rutherford backscattering spectroscopy and
electron diffraction analysis. The 16% Al surface
modification was confirmed to have produced a
supersaturated solution of Al in Ni, and the annealed
23% composition produced gamma-prime precipitates in a
dual-phase structure. The depth of the surface
modifications was approximately 70 to 100 nm. (Further
details are contained in reference 5.)
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Specimens were fatigued at constant plastic strain
ranges of .0003. Surface observation was carried out
periodically throughout the tests using scanning
electron microscopy and Nomarski phase contrast optical
microscopy.

RESULTS
Mechanical Behavior

Figure 2 shows cyclic hardening curves for .0003
plastic strain range tests of plain and ion beam
modified nickel. A slight increase in saturation
stress is noted for the surface modified material, but
the initial hardening rate is slightly lowered. The
hardening curves were generally observed to cross at
accumulated strains of approximately 3 to 4. The
behavior of supersaturated solid solution specimens and
gamma-prime specimens was identical.

Development of Surface Damage Structures

Observation of unmodified specimens fatigqued at
.0003 plastic strain range revealed the presence of
distinct slip band features at accumulated strains as
low as 0.6 . At this accumulated strain no evidence of
surface slip bands could be detected by phase constrast
microscopy in ion beam mixed specimens. Slip band
features in ion beam modified nickel were not detected
until accumulated strains of 3 to 4 had been reached.
At approximately 4.0 accumulated strain, well developed
PSB structures were common in unmodified material,
wheres only sporadic and much less intense slip band
features were found in ion beam modified specimens.
Differences in PSB frequency at the surface persisted
up to cyclic saturation. It is interesting to note
that the first emergence of PSBs at the surface of
surface modified nickel corresponds with the point at
which the cyclic hardening curves for modified and
unmodified material cross.

The effect of the ion beam modified surface layer
in suppressing the extrusion of PSBs at the surface is
illustrated by observations made at the boundary
between modified and unmodified regions in the gage
section of an individual specimen. Figure 3 shows such
a region on the surface of a 16% Al surface modified
specimen staurated at .0003 plastic strain range. The
upper half of the scanning electron micrograph has not
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been surface modified, and shows widespread and intense
surface slip band activity. It is also apparent that a
fatigue crack has nucleated in this region. The lower
portion, which has been ion beam modified, displays a
marked reduction in the number and intensity of slip
band features, and shows several grains in which PSBs
have not appeared at all. Such behavior was typical of
ion beam modified specimens: no crack nuclei were ever
observed in the ion beam modified portions of a
specimen at saturation. (Additional statistical
treatment of this behavior can be found in reference

(5).]
PSB_Extrusion Morphologies

The scanning electron micrograph in Figure 4 shows
a persistent slip band structure which typifies those
found at the surface of unmodified nickel fatigued to
saturation at .0003 plastic strain range. PSB
extrusions such as this one were nearly always found to
intersect grain boundaries, and often propagated across
them. This morphology is the "classic" PSB structure
which has been extensively observed in fatigued copper.
It consists of multiple notch-peak features and a net
extrusion of material above the surface plane.

In contrast to this morphology, the structure of
typical PSB features at the surface of ion beam
modified specimens are illustrated in Figures 5 and 6.
The most ubiquitous feature on modified specimens was
the "microband" feature shown in Fig. 5. The slip band
is very narrow, and has apparently extruded material in
the form of chips, or filaments, from the bulk. These
chip-like extrusions were very fragile, and could be
destroyed even by routine cleaning procedures. The
slip band in Fig. 6, herein referred to as a PSB
"double-microband", was less frequently observed, but
still fairly common. This type of feature consisted of
two parallel microbands spaced about a micron apart.
Generally, the double microband features produced
pronounced net extrusions of material above the
surface. Neither single microbands nor double
microbands were generally observed to intersect grain
boundaries.

Extensive observation of surfaces modified with
the 16 at.% Al modification (superstaurated solid
solution) and the 23% Al modification (heat treated to
precipitate the gamma-prime phase) showed little
difference in the local morphology of slip band
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extrusions at saturation. Occasionally, however, the
gamma-prime modified surface layers were found to have
delaminated and spalled away from the substrate.

DISCUSSION

Surface alloying pure nickel with aluminum by ion beam
mixing radically alters the physical and mechanical
metallurgy of the near surface region. Although
‘changes in stacking fault enerqgy, alteration of
dislocation image forces, and changes in lattice
parameter will occur, these effects are likely to be
secondary in relation to two principal consequences of
the ion beam mixing of aluminum in nickel. First, the
shear modulus will be lowered by approximately 15% in
the case of the supersaturated solid solution
modification (6). Secondly, and more important, the
yield strength of the surface layer is greatly
increased over that of the bulk. While there is no
precise way to determine the exact yield strength of
surface layers as thin as those produced in this study,
considering the potency of aluminum as a solid solution
strengthener in nickel, the additional hardening
produced by ion beam induced lattice defects, and the
fine grain size in the surface layer, the yield
strength there is likely to be guite high.

Lowering the elastic modulus and increasing the
yield strength of the surface layer will lower the
stress in the surface layer for a given value of total
strain, and increase the total strain needed to
plastically deform the surface layer (7). It is
therefore likely that, in the present case of an
initially soft substrate, plastic deformation in the
surface layer is delayed or entirely suppressed, even
at the total strains associated with cyclic saturation.
This means, that for much of the test, the surface
deforms elastically, whereas the bulk undergoes plastic
deformation which is resolved onto favored slip planes.
The displacement tensors are thus different in the bulk
than in the surface layer: surface strain is elastic
and thus axial, while bulk strain is plastic and thus
consists of a shearing deformation. This situation is
shown schematically in Figure 7. For the material to
deform compatibly, some accomodation must
occur near the interface between surface layer and
bulk, requiring the motion of secondary dislocations,
and effectively extending the influence of the surface
layer to some additional depth.
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At accumulated strains near saturation,
slip bands eventually penetrate the surface layer in
substantial numbers (at least at plastic strain ranges
above .0003). This is not surprising if it is assumed
that plastic strain inhomogeneities develop in the
bulk of surface modified nickel in the same manner
as they do in unmodified nickel. Even if the
surface layer deforms elastically, once bhulk
plastic strain becomes localized into persistent
slip bands, strain in the surface layer above PSBs
is substantially increased over the nominal value
associated with the applied strain. Referring to
Figure 8, which shows a PSB of width B,
intersecting the surface at an angle &, and
undergoing an average localized shear vy , and
assuming that the surface undergoes both shear and
dilational displacements to maintain compatibility
at the interface we have for the displacements w
and u in the z-direction and the x-direction
respectively:

v = Byxsin® . u = Byxsing
Bsin~le+yBcoso ' Bsin~lo+yBsine
(1)
But for © = 7/4 and for small values of Y , we have
du _dw . du_du_dw _ g,
dx dx ) dy dz dz
(2)

Since the stress in the z-direction must go to zero at
the surface, we have:

_E —— ~vE
{(I+v) 2 = (1+0(1-v) leg + ex)

(3)

Therefore, the strain and stress state in the surface
layer may be given to a first approximation as:

(4)
Y o y/2 ° Gy/2
€i3 =] o o o |.
Y/2 o -vy YE °
v {1+v){1-v)
Gy/2 0 o)

Since the plastic strain associated with PSBs is
on the order of 1% (8), it is clear from the above
analysis that, in the absence of plastic deformation in

88




FATIGUE 87

the surface layer, stresses would quickly reach the
order of 2 Gpa. Thus, past the point where plastic
strain in the bulk localizes into persistent slip
bands, the surface layer is subjected to large strains
and, in effect, undergoes strain controlled low cycle
fatique at a strain amplitude on the order of .01. It
is therefore not surprising that the surface layer
eventually ruptures, producing the "microband" features
which are observed at the surface.

The production of "double microband" features is
believed to result from the link-up of individually
nucleated single microbands which form in different
locations of the grain, but are associated with a
common underlying persistent slip band. The frequency
with which the double microband features (i.e., Fig. 8)
are observed, and the fact that their widths match that
expected of PSBs (about one micrometer) suggests that
rupture of the surface layer is favored at the edges of
the underlying PSB.

CONCLUSTIONS

It has been found that the presence of an ion beam
mixed Ni-Al surface layer increases the saturation
stress in plastic strain controlled fatigue at .0003
plastic strain amplitude, and decreases the initial
cyclic harding rate. Surface modification delays the
emergence of slip band features from 0.6 accumulated
strain (in the case of unmodified material) to
accumulated strains of 3.0 to 4.0. The degree of
macroscopic damage accumulation is reduced both in
terms of frequency and intensity of slip band
extrusions present in cyclically saturated specimens.
In ion beam modified nickel, the classic PSB surface
morphology was replaced by surface slip band features
consisting mainly of "microband" features with widths
much less than 1 micrometer, or "double microband"
features with spacings similar to the width of classic
PSBs.

A number of important physical characteristics of
the near surface region (such as stacking fault energy,
etc.) are altered by ion beam modifications. However,
the observed delay in penetration of PSBs at the
surface, their decreased numbers at saturation, and the
resultant slip band morphologies, can be rationalized
by a relatively simple model which considers only the
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increased yield strength and lowered elastic modulus of
the surface film. Surface film rupture eventually
occurs where bulk strain inhomogenity in the form of
PSBs imposes large localized stresses in the surface
layer. The frequent occurrence of paired microbands
suggests that rupture is favored at the edges of
underlying persistent slip bands.

Acknowledgements: This research was supported at
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& NSF-G-DMR8603174 from the National Science Foundation.

SYMBOLS USED
Width of persistent slip band.

[v+]
1

angle of incidence of persistent slip band.

@
fl

u, v, w = displacements in x, y, and z directions.

shear strain in persistent slip band
€13 ,9i3 = strain and stress tensors, respectively.
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THE EVOLUTION OF LOCAL MECHANICAL PROPERTIES OF Al 2219-T851
DURING FATIGUE

W.L. Morris*, M ,R James* and BN, Cox*

Local strain amplitudes were measured in individual
grains of an Al 2219-T851 alloy during fatigue.

The alloy has a 360 MPa bulk cyclic yield strength,
but its surface is microplastic at cyclic stresses
greater than 70 MPa. With fatigue at + 275 MPa, an
upper flow stress of - 200 MPa develops in grains
much larger than the mean size. Large residual
stresses caused by constraint of the localized
deformation severely 1imit the total strain at
these softened sites. The use of a load reduction
sequence to minimize these residual stresses during
strain measurements, so as to obtain more accurate
values for the local flow stresses, is discussed.

INTRODUCTION

Large local residual stresses are always present during inho-
mogeneous deformation (1,2). In fatigue-softened alloys, loca-
lized deformation is modified by residual stresses resuiting from
constraint of flow by the harder surroundings (3,4). Even on a
smooth surface, deformation inhomogeneity at the grain level
ensures the presence of these residuals, and hence a substantial
difference between the local and externally applied stresses. A
simple analysis has shown (3) that the residual stress in indi-
vidual grains can easily be so large that portions of a grain can
be in compression while the external stress is tensile. This
complicates a simple determination of the local flow stress of
individual grains in alloys.

In two recent papers (3,4), we used models of the deformation
of a soft ellipsoid in an elastic matrix to calculate the flow
stress and strain hardening characteristics of surface grains in
Al 2219-T851. The models account for the local residual stress,
allowing for the interpretation of strains measured in individual

*Rockwell International Science Center, 1049 Camino Dos Rios,
Thousand Oaks, CA 91360
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grains as a function of external stress. We find that fatigue of
Al 2219-T851 at stresses below its bulk cyclic yield strength
causes a reduction in the local 0.2% offset yield strength of the
interiors of the grains, with preference for the largest surface
grains. Grains 3-8 times larger than the 60 um mean are the most
affected and are also the eventual sites of crack initiation.
Ultimately, the yield strength of these grains falls to half the
bulk cyclic value, and well below the applied cyclic stress
amplitude. However, the local strain amplitude typically remains
less than 1073 in these softened grains because the deformation is
constrained by the nearly elastic surface.

These results seem in conflict with ample evidence that many
alloys locally harden (5,6). Even in Al 2219-T851, Knoop indenta-
tion shows that fatigue hardens the interiors of individual
grains, with the change being greatest in the largest grains (Fig.
1). Previous local strain measurements in this alloy have shown
that, in large grains, the width of the local strain-external
stress hysteresis loop at zero stress reaches a peak with fatigue
and then decreases in amplitude, again suggestive of hardening

(7).

In this paper, we demonstrate that the small local flow
stresses deduced from strains measured within individual grains
are not an artifact of our deformation analysis. While strain
hardening parameters and deformation depth cannot be accurately
obtained without a rigorous theoretical analysis, the local flow
behavior can be found directly. A load reduction sequence i5 used
to minimize the local residual stress, causing the external and
local stresses to be nearly equal. This technique is used to
characterize the evolution with fatigue of flow stresses and
strain hardening at low plastic strain amplitudes in a 300 um
grain in Al 2219-T351. The apparent conflict between indentation
and local strain measurements is not completely resolved, but the
new local stress-strain data provide some clues to possible
answers to this problem. We believe that the 10% strains encoun-
tered during indentation (8) can make this method a misleading
probe of the highly constrained yielding which occurs in isolated
softened grains, in which the maximum plastic strains are only
1073 during typical fatigue experiments.

EXPERIMENTAL TECHNIQUES

The 360 MPa yield strength A1 2219-T851 had a 60 um average grain
size in the rolling plane measured at 45° to the rolling direc-
tion. The grains were pancake shaped, being nominally 20 um
deep. Tapered flexural specimens (9) of the alloy were carefully
machined and polished to minimize initial residual surface
stresses and then chemically etched to reveal the grain boun-
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daries. Fatigue was in bending at nominally * 275 MPa in dry
nitrogen. The local strains reported were measured using a
reference gauge placed within the center of grains and at least

25 um from the nearest boundary by a micromanipulator, and with
the aid of a loading jig in a scanning electron microscope (SEM),
as described in Ref. 10. The reference gauge is a thin mica flake
used as a convenient ruler and attached to the substrate electro-
statically so that the surface can deform freely beneath it. It
acts as a stable length, needed to compensate for the + 5 x 1073
magnification instability of our SEM. Distortion and parallax
errors from the ruler are smallest at zero load, where we made
most of our measurements. For fully reversed loading, the width
of the local strain-external stress hysteresis loop at zero load
was found by comparing a micrograph taken after completing the
compressive cycle to one taken after the next tensile cycle. The
information needed to deduce flow stress, strain hardening and
constitutive relationships was obtained by changing the loading
sequence prior to the loop width measurement (4). We used a
stereoscopic analysis of the micrographs to maximize the sensitiv-
ity of measurements of the surface displacements relative to the
ruler. Since the displacements of nearly identical high contrast
objects in each pair of micrographs were found, the accuracy was
much better than the point-to-point resolution of the SEM. The
displacement of any high contrast profile can easily be determined
to a small fraction of the profile width. It is the image repro-
ducibility which actually matters., The quality of our SEM images
has been progressively improving over the past few years and we
can now achieve about t 151 in-plane displacement sensitivity.

RESULTS

To determine how the flow stress of a grain's interior progres-
sively changes during fatigue, we interrupted the constant
amplitude cycling at intervals, and determined the local flow
stress by measuring strains within the grain for a series of
reduced cyclic loads. The local mechanical properties in

A1 2219-T851 change slowly, so thi's measurement activity has no
significant effect on the property evolution. The cyclic stress
was dropped to a value o and six cycles were applied to allow the
local stress-strain hysteresis to reach equilibrium (4). Then the
residual strain at zero external load was measured over a tensile
loading cycle. The strain found at each ¢ is the width, W, Of an
external stress-local strain hysteresis loop at zero external
load. ”o will always be smaller than the zero load width of a
local stress-local strain loop because of local residual stress.
As the measurement stress o is decreased, W, at equilibrium
becomes progressively smaller. At the same time, the maximum
local residual stress within the grain decreases because the
maximum local plastic strain amplitude has decreased. For a
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sufficiently small plastic strain amplitude, the difference
between the external and loca